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Introduction

Since the beginning of industrial production of aluminium a little over one hundred
years ago, there has been a steady rise in the worldwide usage of aluminium alloys.
Presently, aluminium is second to only iron in terms of global metal production. There is
a wide range of applications of aluminium alloys: transportation - aircraft, automobiles;
construction - windows, doors; packaging - cans, foils; household cooking utensils and
many more. Packaging applications are a major field of consumption of aluminium
alloys. For example, 23% of the global aluminium production in the year 2000 was used
for the purposes of containers and packaging [1].

The great advantage of using aluminium over steel for the production of cans is that
aluminium alloys offer resistance to corrosion due to the passive oxide layer at a lower
cost, and can be formed into cans by ironing. The cans are deep-drawn from a circular
section of aluminium sheet and the top is attached later. In the case of steel cans, the
top is still made of aluminium, and having two different alloys in the same piece is a
hurdle in terms of recycling. Aluminium is lighter than steel and despite its relatively
high cost of extraction, aluminium is easier to recycle due to its lower melting point.

The alloys used in the manufacture of cans and household utensils belong to the
AA3XXX series, which is the focus of the present study. The plastic deformation in-
duced by rolling to form sheets stores energy in the metal in the form of crystalline
defects. These defects are new grain and subgrain boundaries formed by the fragmen-
tation of grains, and dislocations within the grains. All these defects result in the defor-
mation microstructure, which depends strongly on the crystallography of the material.
The material also hardens as it is deformed.

When the metal is annealed, the energy stored in the defects is released by anni-
hilation of dislocations and by subgrain growth. This process is called recovery and

leads to a softening of the metal. Recovery is a thermally activated process, i.e., it is
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strongly temperature dependent and proceeds faster at higher temperatures. This is
critical for the aluminium alloys that are cold-rolled and stored in coils. This is because
the temperature the metal attains due to the heat from cold-rolling is sufficient to start
recovery, and the non-uniform rate of cooling in the coil leads to different mechanical
properties in different parts of the coil.

The microstructure during and after recovery is also crucial for metals that are
to undergo further annealing. The microstructure at the end of recovery determines
the recrystallization behaviour by providing recrystallization nuclei. The distribution
of subgrain and grain sizes, influences whether normal or abnormal grain growth will
take place. Towards the end of recovery, it is often seen that recrystallization begins,
and the two processes may be in competition at this stage.

While the evolution of mechanical properties during recovery has been widely stud-
ied and published, the research on the microstructural evolution is relatively sparse. Ad-
vances in electron microscopy - both scanning and transmission - have allowed for finer
characterization of microstructures. The technique of electron back scatter diffraction
(EBSD) developed over the past twenty years has made possible the characterization
of crystallographic orientations within a microstructure. Barou et al. [2, 3] have devel-
oped a novel technique in combination with EBSD - Subgrain Reconstruction Mapping
(SRM) - to detect subgrains, which allows for better estimation of recovery kinetics.
It has been shown that the crystallographic orientation has a strong effect on the rate
of recovery [4]. A very recent study by Albou et al. [5, 6] has investigated this effect
in deformed single crystals of the Al-0.1% Mn model alloy representing the solid state
matrix of the AA3XXX alloys. They have shown that the effect of crystallographic
orientation shows itself first in the deformation microstructure and it is suggested that
the different deformation microstructures lead to different rates of recovery when the
samples are annealed.

Advances have also been in made in the modelling of recovery. Analytical models,
taking into account various quantities like subgrain size, dislocation density represent-
ing the internal state of the material, and other more macroscopic quantities such as
hardness and flow stress, have been proposed. Mechanisms of recovery involving pro-
cesses in the dislocation forest and subsequent coarsening of the microstructure have

been forwarded based on observations made in transmission electron microscopy. On



the simulation side, however, there are relatively few advances. Considering the similar-
ities between subgrain growth and grain growth, there is the possibility that simulation
techniques normally used for grain growth may be applicable to subgrain growth as
well.

The aim of the present study is to investigate the suggestion of Albou et al. regard-
ing the effect of the deformation microstructure on the rate of recovery through vertex
dynamics simulations applied to the subgrain growth that occurs during recovery. For
this, a subgrain growth simulation program using vertex dynamics simulations based
on the original work by Maurice et al. [7] and Weygand et al. [8] was created. Sim-
ulations of subgrain growth during annealing of samples representing those obtained
in the work by Albou et al. are carried out to investigate the role of crystallographic
orientation. For the simulations to represent the material of interest, it is important to
use physical quantities such as boundary mobility and energy that correspond to the
material. Boundary mobility is strongly temperature dependent through an exponential
function involving the temperature and activation energy for recovery. The method of
SRM developed by Barou et al. is effective but laborious as it involves microscopy and
subsequent reconstruction of the microstructures of annealed samples. An apparently
simpler method involving microhardness and the analytical recovery kinetics law pro-
posed by Vandermeer and Hansen [9] was thus attempted to estimate the activation
energy.

The present document presents a step-by-step development of the ideas described

earlier. This is done in five chapters.

e Chapter 1 presents a review of current literature and the state of knowledge of
recovery. The chapter focuses on three aspects of research: experimental observa-
tions and techniques, analytical models of recovery, and finally techniques used
for the simulation of grain growth which may be adapted to the case of subgrain

growth.

e Chapter 2 presents the vertex dynamics simulation technique that was used in
the subgrain growth simulation program, validation of the equations used therein
for cases solvable analytically, and special adjustments required for adapting the

simulations to subgrain growth.
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e Chapter 3 describes the Al-0.1% Mn model alloy and the experimental techniques
used to obtain the activation energy for recovery of the Al-0.1%Mn model alloy.

e Chapter 4 presents the results from the experiments - annealing and Vicker’s
microhardness measurements - and the analysis of the microhardness data using
the recovery kinetics proposed by Vandermeer and Hansen in order to obtain an

estimate of the activation energy for recovery.

e Chapter 5 contains the inputs to and results from the vertex dynamics simula-
tions of subgrain growth. A comparison is made with the experimental results of
Albou et al. The reasons for the difference in recovery rates are thus investigated
using the simulations. Also presented are the kinetics followed in simulations of
recovery in deformed single crystals and a fit is attempted with analytical models

of recovery kinetics.

In the end a general conclusion of the work done and possible routes of future work

are presented.
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1.1 Recovery

Microstructural evolution occurring during annealing of deformed metals is of great
technological importance because the strength of a polycrystalline metal is a strong
function of its microstructure. The processes that occur during annealing are - in or-
der of occurrence - recovery, recrystallization, and grain growth. They are thermally
activated and result in a softening of the metal.

Annealing phenomena have been studied for a long time and yet there are gaps in
the understanding of the basic mechanisms governing them, mainly due to the complex
nature and large number of factors that affect them [10].

The work done during the thesis focuses on the first of these processes - recovery.
Section 1.1.1 describes the phenomenon, the current theories of the mechanisms and
the factors that influence it. Section 1.1.2 focuses on the experimental observations of
recovery and section 1.1.3 discusses the models used in order to describe the kinetics

of recovery.

1.1.1 Phenomenon

1.1.1.1 Deformation

Plastic deformation is an indispensable part of any industrial cycle that results in a
metallic finished or semi-finished product. This deformation stores energy within the
metal in the form of crystalline defects like dislocations, and new boundaries result-

ing from the fragmentation of grains which can also be thought of as collections of
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dislocations. The primary driving force behind recovery is the reduction of this stored

energy.

1.1.1.2 Stored energy

The distortion field around a dislocation stores strain energy. The following equations
represent the elastic energy Eserew and Eegqe stored per unit length of screw and edge

dislocations respectively [11].

()
Escrew = —I - 1.1
4 " 70 (1.1)
i ()
Escrew = — —_ 1.2
dr(1 —v) " 0 (12)

where p is the shear modulus, b the Burgers vector, v the Poisson’s ratio, R the radius
of the dislocation’s distortion field and r¢ the dislocation core radius. The value of rq
is taken as the magnitude of the Burger’s vector, close to the interatomic spacing, or
roughly 1 nm. R is typically equal to the size of the crystal for a crystal having only
one dislocation, or if it contains several dislocations, R is equal to half of the distance
between the dislocations [11]. This implies that the energy stored in the dislocations
depends on the size of the crystal and on the number of dislocations present in it.

In either case, the ratio R/rg is very large. However, due to the logarithmic depen-
dence, the value of the dislocation energy is not very sensitive to this ratio. Taking the
ratio to be of the order of 500, the stored energy per unit length of a mixed dislocation

can be reasonably approximated as

Enmized = 05Nb2 (13)

For subgrain boundaries, the surface energy is a function of the boundary disorien-
tation (which can also be thought of as boundary dislocation density) according to the

Read and Shockley equation [12].

Y = YHAGB (1.4)

0
1—In
Onacs Onacs
where + is the subgrain boundary surface energy, vygagp the high-angle grain boundary

(HAGB) energy, 6 the subgrain boundary disorientation and 0gacp = 15° the HAGB

disorientation.
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The total subgrain area A in a given volume V depends on the mean diameter d of
the subgrains according to equation 1.5.
A ind> 3

T 0w - (15)
VIS T d

The energy stored in unit volume of a structure with mean subgrain diameter d and
mean subgrain boundary energy () is thus

3
Estored = f;/> (16)

1.1.1.3 Mechanisms

Annealing provides the activation energy required for the microstructural defects to
start moving towards a configuration that lowers the total energy stored in the material.

This configuration is reached through the following series of events:
1. Arrangement of dislocations to form cells
2. Annihilation of dislocation tangles within cells
3. Subgrain formation
4. Subgrain growth

The series is illustrated in Figure 1.1 [10]. This results in a softening of the material
in a manner opposite to strain hardening during deformation.

In some cases recovery begins during deformation. When this happens, the process
is termed dynamic recovery. For high stacking-fault energy (SFE) materials like alu-
minium and its alloys, the activation energies required for the migration of dislocations
and subgrain boundaries are sufficiently low for recovery to begin at room temperature
[13].

The two first steps, arrangement of dislocations to form cells and annihilation of
dislocation tangles, often occur simultaneously [10]. Within the forest of dislocations
present, those having Burgers vectors with opposite signs and located near each other
annihilate each other and thus reduce the dislocation density, which in turn contributes
to the reduction of stored energy. Since the numbers of dislocations having opposing

Burgers vectors are not equal, there remain dislocations that are not annihilated. Of
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Figure 1.1: Rearrangement of dislocations in a deformed metal during recovery [10]
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course, there remain other dislocations that do not form pairs. This part is illustrated
in Figure 1.1(a)-(c).

As the dislocation annihilations take place, other dislocations that find themselves in
the proximity of dislocations having the same Burgers vector begin arranging themselves
into stable structures like low-angle boundaries (Figure 1.1(b)-(c)). A simple case of
low-angle boundaries are tilt boundaries which result in the formation of polygonal
subgrains.

Due to the complex nature of the dislocation network created by plastic defor-
mation, there are still several dislocations having many different Burgers vectors that
remain after the first two steps of annihilation and rearrangement of dislocations. These
dislocations react with each other to form complex tangles in two dimensions and thus
form a three-dimensional cell structure. As recovery proceeds, these tangled networks
become more regular and finally become low-angle grain boundaries. At this point, we
can say that the cells have become subgrains.

The energy stored in these structures is essentially the surface energy of the subgrain
boundaries. This energy is further released by the migration of subgrain boundaries re-
sulting in subgrain growth. The state of the microstructure towards the end of recovery
affects the nucleation of recrystallization and whether or not abnormal grain growth
would occur.

Due to the four processes occurring in recovery, with occasional overlap between
successive processes, analysing the kinetics of recovery is not simple. Many models have
been proposed, from the simpler empirical models to the more complex models that
depend on detailed descriptions of the involved mechanisms. These models are discussed

in section 1.1.3.

1.1.2 Experimental studies

1.1.2.1 Mechanical properties

The most obvious symptom of recovery is the loss of mechanical properties such as hard-
ness and yield strength. Thus, before the development of advanced electron microscopy
systems, recovery was mainly characterized by measurements of microhardness, in ad-
dition to microstructural features like grain or subgrain size to the extent observable

by microscopy.
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Figure 1.2: Softening as a function of time of deformed Al-Mg alloys after storage at room
temperature [13]

In nearly all the experiments, a metallic sample is deformed, most commonly by
rolling, and subsequently it is subjected to isothermal annealing, during which the
hardness or yield stress of the samples is measured at intervals to provide a trend of
the softening as a function of time and temperature. In the case of high SFE metals
like aluminium and aluminium alloys, recovery has been observed to proceed even at
ambient temperatures.

The review article by Nes [13] presents several examples of the softening of deformed
aluminium alloys when they are subjected to annealing, and even storage at room
temperature. Figure 1.2 shows one of the examples exhibiting the logarithmic decay
of yield strength over a period of 17 years in samples of Al-Mg maintained at room
temperature.

Mechanical properties like hardness and other quantities that affect it, like subgrain

10
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Figure 1.3: Transmission electron microscopy (TEM) of aluminium deformed 10% and

annealed in-situ (a) as-deformed and (b) annealed for 2 minutes at 250°C [10]

size and dislocation density, will be used as progress parameters to model the kinetics

of recovery - these models are discussed in section 1.1.3.

1.1.2.2 Microstructure evolution with recovery

The microstructure of the deformed metal evolves during recovery. The annihilation
of dislocations and the rearrangement of the remaining dislocations result in subgrains
that are free of dislocations, as shown in Figure 1.1. The subgrain boundaries separate
regions that are disoriented with respect to each other by low values, this disorientation
being accommodated by the dislocations present in these boundaries. Figure 1.3 shows
transmission electron microscopy (TEM) images of an aluminium sample deformed
10% before and after annealing at 250°C [10]. It can be seen clearly in the deformed
structure that the dislocations are tangled in the interior of the subgrains, and there
are some dislocations that have formed cell-boundaries. After annealing for 2 minutes
at 250°C, distinct equiaxed subgrains are visible with clear boundaries and very few

dislocations within them.

11
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The subsequent and final step in recovery is subgrain growth, which reduces the total
subgrain boundary area within the metal, thus reducing the surface energy associated
with it. Therefore subgrain size may be used as a measure of the progress of recovery.
However, it is often difficult to detect subgrain size, for example by EBSD due to
ambiguity in the threshold disorientation value to be used. For example, Figure 1.4
shows two EBSD maps with the black lines representing disorientations greater than
15°, and in grey the disorientations greater than 0.5° (Figure 1.4(a)) and 1.5° (Figure
1.4(b)) [2]. It is visible in the two images that no clear disorientation limit can be
attributed to the subgrain boundaries - a low limit includes disorientations arising from
dislocations within subgrains and a higher limit misses subgrain boundaries resulting

in non-closure. As a result, it is difficult to measure the subgrain size accurately.

(a) (b)

Figure 1.4: EBSD map representing disorientations greater than 15° in black and disori-

entations greater than (a) 0.5° and (b) 1.5° in grey [2]

In order to solve this problem, Barou [2] developed the method of Subgrain Re-
construction Mapping (SRM), which uses information from three maps - Euler angles,
band contrast, and band slope - from EBSD, coupled with image processing techniques
in order to detect subgrains boundaries resulting in closed subgrains. A sample result
using this technique is presented in Figure 1.5.

Once the detection of subgrains is achieved, it is possible to measure their sizes
relatively accurately. The subgrain size can then be used as a measure of the progress
of recovery according to the equation 1.7.

M~
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Figure 1.5: Microstructure resulting from Subgrain Reconstruction Mapping (SRM) with
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subgrain boundaries detected and closed subgrains [2]

where R and Ry are mean subgrain sizes at time t and ¢ = 0 respectively, M is the
subgrain boundary mobility, and « is the subgrain boundary energy.

Equation 1.7 is in fact the same as the power law equation for continuous grain
growth derived by Burke and Turnbull [14]. This equation has been used by Huang et
al. [15] for subgrain growth, assuming that subgrain growth is similar to grain growth.
While this law has shown some agreement with experimental data, the exponent is
not equal to 2 for the case of subgrain growth. As shown by Barou [2], the exponent
was found to be between 6 and 10 for Al-0.1% Mn, and greater than 10 for Al-0.3%
Mn. This suggests the need for an equation that is more general, and also the need for
simulations that would take into account local properties instead of an average for the
entire microstructure.

As mentioned above, this approach considers a mean subgrain size. However, when
a polycrystalline sample is deformed by rolling, the grains rotate towards certain orien-
tations, which have been termed the rolling texture components. The rate of subgrain
growth in the bands belonging to these texture components has been observed by TEM
to be different from that in other orientations [4]. Therefore, in order to study the effect
of crystallographic orientation on the kinetics of recovery, it is important to study the

rate of recovery in deformed single crystals.

1.1.2.3 Recovery in deformed single crystals

Albou et al. [6] have presented a study in which single crystals of Al-0.1%Mn were

deformed in plane-strain compression using a channel die to a true strain of e = 2.3.

13
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Figure 1.6: True stress-true strain curves of the deformation up to a true strain of 2.3 of
Al-0.1%Mn monocrystals by plane strain compression [6]

This deformation is similar to the deformation given to metals in industry in forming
processes such as cold-rolling. The orientations chosen for the single crystals were Goss
{110}(001), Brass {110}(112) and S {123}(634). Figure 1.6 shows the true stress-true
strain curves for the deformation of the monocrystals of different orientations. The
differences in crystallographic orientations result in different mechanical properties, and
thus the flow stress values are not the same, and neither is the hardening behaviour.

The deformed monocrystals were then annealed at different temperatures and for
different durations, and their hardness was measured in order to quantify the recovery
kinetics. It was found that the softening in all the three crystals followed a logarithmic
dependence on time, the Goss and S crystals softening at similar rates, while the Brass
crystals softened much slower (see Figure 1.7).

The same behaviour is exhibited in the microstructural evolution - Goss and S
oriented crystals show faster subgrain growth than the Brass oriented crystal. This is
shown in Figure 1.8 where we find a larger increase in the subgrain size of Goss and S
crystals than in the Brass crystal after 34 hours of annealing at 264°C.

The authors have measured the dislocation densities using X-ray line profile analysis
and have found a rapid decrease in the early stages, lasting a few seconds, which
represents the annihilation of dislocation dipoles, followed by a stage of subgrain growth
in the Goss and S oriented crystals. The lower rate of subgrain growth in the Brass

oriented crystal is attributed to the lower disorientations (4°) compared to the Goss

14
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Figure 1.7: Fractional residual strain hardening as a function of time in Brass, Goss and
S oriented crystals deformed in plane strain compression to a true strain of 2.3 and then

annealed at 264°C [6]
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Figure 1.8: Time evolution of microstructure of deformed Al-0.1%Mn crystals annealed

at 264°C for 34 hours [6]
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and S oriented crystals (7—8°). It was also observed that the disorientation distribution
evolved during annealing. The average non-correlated disorientation remained the same

for Brass, but decreased for the Goss and increased for the S oriented crystals.

1.1.3 Modelling recovery kinetics

Modelling recovery based on the processes occurring within the material is rather diffi-
cult because the mechanisms shown in Figure 1.1 do not occur in discrete steps. There
is an overlap in between the processes when one process has not yet ended and the
next process has already begun. Therefore, it is not feasible to propose a single global
model that takes into account all the phenomena.

The models proposed in the literature attempt to relate the different steps of re-
covery with measurements at the macroscopic scale like hardness, yield strength, mean
subgrain size and mean dislocation density. The kinetic laws proposed in the literature

measure the progress of recovery in terms of at least one of the following quantities:

1. Mechanical properties - such as hardness or yield strength, or derivative quantities

like fractional residual strain hardening
2. Microstructural evolution - subgrain size
3. Dislocation density

1.1.3.1 Generic kinetic laws

The generic approach is to fit a single equation that would describe the progress of
recovery with time. These laws describe either a logarithmic or a power law evolution

of the progress parameter f with time ¢ [10].

Logarithmic:
a A o

Power law:

df

~ — _Bf™m 1.

= —BJ (19)
For m > 1:

fIm — fam™ = B(m — 1)t (1.10)
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Form=1

In (J{;) — Bt (1.11)

Another approach is to model the rate of recovery using the stored energy P as the
parameter indicating the progress of recovery, in an Arrhenius-like rate law involving
an activation energy (). However, it has been shown that the activation energy does
not remain a constant during recovery but increases as recovery progresses [16]. The
activation energy represents the recovery mechanisms taking place at a given time.
Since there are several overlapping mechanisms, the activation energy cannot remain a
constant throughout recovery.

Vandermeer and Hansen [9] used this approach incorporating the variable activation
energy by writing the rate law as in equation 1.12. This form was originally proposed
by Kuhlmann-Wilsdorf et al. [17] using the flow stress and subsequently Borelius et al.
[18] proposed a rate law in terms of the stored energy.

dP Qo—BP

= = _PKye (Frr) (1.12)

Here P is the instantaneous stored energy, ¢ the time, T' the temperature, (Qo — SP)

the apparent activation energy, R the gas constant, and Ky and (§ are constants.
Since it is difficult to measure the stored energy P, it is preferable to use another
parameter that can be measured easily. In the situation of Figure 1.1(c), where all
the dislocations are present in the subgrain boundaries, the stored energy per unit
volume is inversely proportional to the mean subgrain size (equation 1.6). According
to the Hall-Petch relationship, mechanical properties like the yield stress and hardness
depend inversely as the square root of the mean domain size. Therefore, the stored
energy would be proportional to the square of the hardness or the yield stress. If we
consider that the stored energy has an initial value Py and reduces to zero at the end
of recovery, we require a function that varies from 1 to 0, and is proportional to the
square of the hardness. For this reason the variation of the stored energy P is taken by

Vandermeer and Hansen to follow equation 1.13.

P =Pyf? (1.13)
with
H - H,
=_—" 1.14
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Figure 1.9: Isothermal recovery kinetics modeled using the equation proposed by Van-
dermeer and Hansen [9]. The crosses represent the square of the fractional residual strain
hardening and the solid line is the equation resulting from the parameters calculated from
the experimental data.

In equation 1.14, f is the fractional residual strain hardening with H, H, and Hy
being the instantaneous, fully recovered and as-deformed values of hardness respec-
tively.

Using equation 1.13 in the differential equation 1.12, and integrating from f2 =1

to f2, we get the following equation.

BPy 2) o (ﬁPO) -1
E (RTf =F; BT + tt, (1.15)
where
00 €_t 00 e—l‘t
El(x):/ —dt:/ dt (1.16)
t=a 1 t=1 t
and

Q
t5! = Koe mF (1.17)

From hardness measurements after annealing for different durations at different
temperatures, Vandermeer and Hansen obtained a set of (¢, f2) data at each tempera-
ture. Each such pair forms a curve of the form of equation 1.15 in the (%, ty 1) space.
The point of convergence of all the curves at a given temperature yields an estimate of
the values of % and t; ! at that temperature. Calculating these values at several tem-
peratures finally yields the values of P, and the activation energy (Jg. The resulting

curves, shown in Figure 1.9, are in good agreement with the experimental data.
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This model was also used by Yu [19] to study the kinetics of recovery in commercial
purity aluminium AA1050 deformed by cold rolling and commercial purity aluminium
AA1100 deformed by accumulative roll bonding (ARB).

1.1.3.2 Analytic kinetic laws

The other approach is to look at the phenomena occurring during recovery represented
in Figure 1.1 and constructing a model based on them. This approach is described
by Nes in his review of studies on recovery [13]. As mentioned earlier, the overlap
between two mechanisms is an obstacle to proposing a single analytical model. In order
to overcome this, a rate equation for each mechanism is formulated and one of two

approaches is taken:

1. Fractional approach: adding the fractional contributions from each mechanism to

obtain the final recovery rate

2. Sequential approach: considering the mechanisms to occur sequentially with little

or no overlap

The two mechanisms refer to the effect of the forest of dislocations and that of the
subgrain size. In the fractional approach, the contributions of the dislocation density
and of the mean subgrain size are taken to be f; and fs respectively, with fi1 + fo = 1.

This yields the expression for the fractional residual strain hardening R as a function

R(t) =f1\/p[§?+f2(;z‘;) (1.18)

with p and J representing the dislocation density and mean subgrain size respectively,

of time ¢ in equation 1.18.

the subscript 0 the initial value, and the argument ¢ the value at time ¢.

The sequential approach considers the flow stress to depend initially on the forest
of dislocations. At a certain time critical time, a transition occurs, after which the flow
stress depends on the subgrain size. This transition is not abrupt, and an appropriate
function is chosen to cause a smooth transition from one domain to the next. The final

equation is of the following form.

_ P L el
R(t) = f1) 27+ 1= N0 (1.19)
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The critical time for transition and the smooth transition function are both present
in the parameter f, and C is a constant proportional to (50\@)71.

In spite of the striking similarity between the equations 1.18 and 1.19, their be-
haviours differ due to the difference in the definitions of f in the two cases. The frac-
tional approach has a value of f; that varies gradually while the sequential approach
has a value of f that is constant over a period of time when the effect of the dislocation

forest is dominant, then changes quickly to the value for the time when the effect of

the mean subgrain size dominates.

1.2 Simulations of grain growth

Sections 1.1.2 and 1.1.3 have shown the wealth of research that has been conducted on
experimental studies and the modelling of recovery. However, no instances of simula-
tions of recovery were found in the literature. The simulation of annealing phenomena
have mainly concentrated on the phenomenon of grain growth. It has been suggested
that subgrain growth during recovery follows kinetics similar to that of grain growth
[20]. Therefore, these simulation methods may be adapted to the case of subgrain
growth.

Analytical theories of grain growth have successfully treated the problem of grain
growth with isotropic boundary conditions. Real microstructures are anisotropic with
grain boundary properties such as energy and mobility varying as functions of the
boundary disorientation and other factors. Hence, there is a need for computer simu-
lations in order to model grain growth taking into account the properties of different
grain boundaries.

Several types of 2 and 3 dimensional computer simulations of grain growth exist.
The 3 major types, presented in Figure 1.10, are the vertex model, Monte Carlo Potts
model and the phase-field model [21].

1.2.1 Vertex dynamics simulations

1.2.1.1 Introduction

The vertex dynamics model is a deterministic model that treats the grain boundaries

as line segments discretized using vertices placed on them and at the triple points. This
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Figure 1.10: Different types of models to simulate grain growth: (a) Vertex dynamics, (b)
Monte Carlo Potts model and (c¢) Phase-field model [21]

model was first introduced by Kawasaki et al. [22] and further developed by Weygand
et al. [8].

1.2.1.2 Brief description

The boundary migration is applied by calculating the velocities of the vertices using

the following equation:

v=m(0,T)y(0,T)x (1.20)

where v is the vertex velocity, m and v are the boundary mobility and energy respec-
tively that are functions of the grain boundary disorientation 6 and the temperature
T, and k is the local curvature of the grain boundary at the position of the vertex. The
disappearance of shrinking grains and topological transformations of short segments

are carried out through a set of topological rules that are defined in the simulation [21].

1.2.1.3 Application

Vertex dynamics simulations have been successfully applied to the problem of grain
growth in two and three dimensions [8, 23, 24, 25, 26, 27] and also to grain growth in
the presence of Zener pinning [26]. Figure 1.11 shows the result of a vertex dynamics
simulation in three dimensions of a grain boundary migrating through a field of pinning
particles.

Discontinuous grain growth has also been simulated using vertex dynamics [7]. Fol-

lowing the observation of abnormal subgrain growth in deformed Goss-oriented single
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Figure 1.11: Result of a vertex dynamics simulation in three dimensions using the finite

element method showing the pinning of a migrating grain boundary by particles [26]

crystals by Ferry et al. [28], Humphreys [29] suggested a criterion for the instability -
that the subgrains having a size larger than the average value have a slightly different
disorientation compared to the average. In the vertex dynamics simulation, a subgrain
structure having a narrow initial size distribution was created using Voronoi tessella-
tion, and a few subgrains with sizes larger than the average were given higher than
average disorientations, according to the instability criterion proposed by Humphreys.
Experimental values for the mobility and energy of grain boundaries were used, and
the results obtained matched the experimental observations of abnormal grain growth
in the deformed Goss crystals.

A study by Barrales Mora [24] using two-dimensional vertex dynamics simulations
investigated the effect of a magnetic field on grain growth. This simulation was different
from the ones used by Maurice et al. in that separate mobility laws were used for grain
boundaries and triple junctions. The results were in good agreement with the theory
suggesting that grains having certain orientations with respect to the applied magnetic
field would have a growth advantage, leading to the development of a strong texture
during grain growth.

Barrales Mora et al. [25] also carried out vertex dynamics simulations in three-
dimensions. Figure 1.12 shows a result from this simulation with two grains, one growing
and the other shrinking.

More recently, this model has been used to study grain growth in thin films and
Cu-Damascene interconnects used widely in microelectronic devices. One of the results

of this work is shown in Figure 1.13 [30].
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Figure 1.12: Growing and shrinking grains in a three-dimensional vertex dynamics sim-
ulation [25]

1.2.2 Monte Carlo Potts model

1.2.2.1 Introduction

The Monte Carlo Potts model is a stochastic method in which a lattice is defined (as
seen in Figure 1.10(b)) and the lattice points are allocated to different grains. No grain
boundary is specified explicitly - it is defined by adjacent lattice points that belong
to different grains. Next, the energy of the system is calculated using the interfacial
energy of the grain boundaries. The evolution of the microstructure is carried out
through random jumps of the boundaries in the thermodynamically favoured directions.
This method is simple to apply, relative to the vertex dynamics and the phase-field
models, and also rather elegant in that the behaviour of triple points and the topological
transformations are handled automatically as a result of the condition of minimizing

the total interfacial energy. The main disadvantages of this approach are:

1. When anisotropic boundary energy and mobility laws are used, lattice defects

form that cause boundary distortion
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Figure 1.13: Vertex dynamics simulation of grain growth in Damascene interconnects
used in microeletronic devices [30]
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2. The correspondence between the jump frequency and the physical time is un-

known

1.2.2.2 Application

Owing to the relative ease of application of the method and the advantage of lower
computational load compared to other methods of simulating grain growth, the Monte
Carlo Potts model has been applied in two and three dimensions by several authors.
Figure 1.14(a) shows an example of a three-dimensional simulation of Zener pinning
using the Monte Carlo Potts model [31]. In Figure 1.14(b) we see a Monte Carlo Potts
model simulation of recrystallization with isotropic and anisotropic grain boundary

energies [32].

1.2.3 Phase-field models

1.2.3.1 Introduction

The third kind of model used to simulate grain growth is the phase-field model. In this
model, the microstructure is defined by a set of continuous field variables 7; (7) such
that its value is 1 when the position 7 is within the grain ¢ , and continuously decreases
at the boundaries to have a value of zero elsewhere. This gives the grain boundaries a
finite thickness [21, 33].
Next the total free energy of the system is calculated using the free energy density as
a function of the orientation field variables and their gradients which are non-zero only
at the grain boundaries. The evolution of the microstructure is calculated by solving
the following set of Ginzburg-Landau equations:
M:—Lii,izlﬂ,...,p (1.21)
ot oni(r,t)
where F' is the total free energy, ¢ the time, and L; the relaxation coefficients [33].
The correctness of the microstructural evolution depends on the choice of the free
energy density function used, and also on the number of orientation field variables
p. Therefore the choice of the free energy density function is crucial, and it must be
chosen such that it reflects the phenomenon to be modelled. The method is quite

expensive in terms of computation as energy minima are to be calculated for each order
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Figure 1.14: (a) Zener pinning simulation using Monte Carlo Potts model [31] (b) Sim-
ulation of recrystallization with isotropic (top) and anisotropic (bottom) grain boundary

energies [32]
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parameter. However, unlike the vertex model, no rules are required for the topological
transformations as these take place automatically as a result of the minimization of the

energy functional.

1.2.3.2 Application

Despite the difficulty involved in formulation of the free energy density function, and
the relatively high computational cost involved, there are several examples available in
the literature of the phase-field model applied to the problem of grain growth.

In Figure 1.15 we see a simulation of grain growth by Fan et al. [33] with 512 grid
points in each direction and 36 orientation field variables. The grain growth is found
to follow the parabolic growth law, i.e. R(t)™ — R(0)™ = kt, where R(t) is the mean
grain radius at time ¢, k and m are constants and m = 2.

More recent applications of the phase-field model have coupled with the finite ele-
ment method [34]. In this method, the grain boundary velocity is calculated using an
equation similar to equation 1.7 with the difference being that the energy and curvature
are replaced by force and the grain boundary normal vector. The force on the boundary
is evaluated by multiplying the dislocation line energy with the difference in dislocation
densities across the grain boundaries. The novel aspect of this work is the application
of the level-set framework - a popular method to track interfaces and boundaries that
change form with time - to the problem of grain growth. In this method, a grain
is given its own private level-set function ¢; such that its boundary I'; is defined by

equation 1.22. The velocity of the interface ¥ is then given by equation 1.23.

Iy ={(z,y) | ¢i (z,y) = 0} (1.22)
0d;
o5 T7Véi=0 (1.23)

1.2.4 Comparison between different models

The stochastic methods involving the Monte Carlo Potts model have an advantage with
regard to simplicity of application in two and three dimensions, while the deterministic
methods like vertex dynamics and phase-field are considerably more complex. However,

the fact that the Potts model used a space scale that does not correspond to the
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Figure 1.15: Phase-field simulation of grain growth [33]
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atomistic scale, and that the Monte Carlo time step does not correspond to the physical
time, introduce some arbitrariness into the procedure.

If the kinetics of recovery is to be simulated, an unambiguous time scale is required.
Therefore, the choice is restricted to the deterministic methods. Between the vertex and
phase-field models, the application of the vertex model seems to be more economical,
both in terms of complexity of application and the computational cost. Therefore the
vertex dynamics model was selected to simulate recovery. More details about its appli-

cation to the problem are given in Chapter 2 which is dedicated to vertex dynamics.

1.3 Objectives of the thesis

Based on the current state of awareness on the subject of recovery and the effect of
crystallographic orientation, it is proposed that vertex dynamics simulations of sub-
grain growth be carried out with initial microstructures similar to the deformation
microstructures of monocrystals studied by Albou et al. [6] in order to gain some in-
sight into the difference in recovery rates between Brass and Goss oriented crystals. An
advantage of carrying out the simulations is the ease with which the distributions of
disorientations between neighbouring subgrains can be obtained. These distributions
might yield some insight into the reasons for the difference in recovery rates.

Mobility, activation energy and subgrain boundary energy for Al-0.1%Mn are al-
ready reported in the literature [3, 35]. The estimation of activation energy by Barou
et al. [3] used a method involving the reconstruction of subgrains and measuring their
sizes as they evolved during annealing. Vandermeer and Hansen [9] have proposed a
model of recovery kinetics which can be used to estimate the activation energy using
microhardness measurements on a deformed sample. This method is simpler compared
to the one used by Barou et al. It is proposed that a polycrystalline bar of the alloy
be deformed by cold rolling to a large strain and samples taken from this rolled bar
will then be annealed for different durations and at different temperatures. Hardness
measurements will be made on each sample and then equation 1.15 will be used to
estimate the activation energy Q.

The activation energy Qg estimated from the experiments, and the pre-exponential
term for mobility mg and HAGB energy v agp reported in literature will then be used

in the simulations as material parameters representing the Al-0.1%Mn model alloy. A
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quantitative comparison will be made between the rates of subgrain growth in Brass
and Goss crystals, and the reasons for differences, if any, will be explored. Since it
is easy to measure subgrain sizes in the simulations, the kinetics of recovery in the

structures will also be matched with recovery models based on subgrain size.
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Vertex dynamics simulations

2.1 Introduction

This chapter presents detailed descriptions of the method of generating microstructures
using Voronoi tessellation and the vertex dynamics simulations for grain and subgrain
growth. These methods have been used to study the influence of crystallographic ori-
entation on the rate of recovery in Al-Mn binary alloys.

Section 2.2 contains the description of the use of Voronoi tessellation to generate
the microstructures for the simulations. Section 2.3 presents the basic principles of
the vertex dynamics method for simulating grain and subgrain growth. In section 2.4,
these principles are validated by comparing with simple cases that can be solved for
analytically and section 2.5 describes the necessary changes to be made to the method

in order to simulate subgrain growth.

2.2 Microstructure generation using Voronoi tessellation

2.2.1 Definition

The microstructures for the simulation are created using Voronoi Tessellation. Voronoi
Tessellation is a decomposition of space into domains, each of which corresponds to a
certain seed point, in such a way that all points within a given domain are closer to its
own seed point than to any other.

This definition can be stated more mathematically as follows. Let

X ={x1,x9,x3,...} be a non-empty set of points z;,
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2. VERTEX DYNAMICS SIMULATIONS

d (x;,x;) be the distance function between the points z; and x;, z;,z; € X, and

P ={p1,p2,p3,...} € X the set of n seeds p; (1 < i< n).

Using these n seeds, we can define n Voronoi domains V(1 < k < n) as follows:
Vi = {z € X :d(z,pr) < d(,p;)¥j # k} (2.1)

In this way, a Voronoi tessellation can be created from a set of points P.

2.2.2 Program voronoi2d

The program voronoi2d has been written using C++ for the purpose of generating two-
dimensional microstructures. Structures generated using this program have periodic
boundary conditions and there is also the possibility of creating microstructures similar
to rolled structures with flattened grains.

This program uses the fact that a Voronoi Tessellation is the dual of a Delaunay

triangulation. The generation of the structure is achieved in four steps:

1. Create a set of random points P. The dimensions of the domain containing these
points depend on the number of domains required, their mean diameter, and their

form in the case where a rolled structure is desired.

2. Triangulate the space using the points P as the vertices of the triangles. The
triangulation is carried out using the Delaunay criterion, i.e. for each triangle,

only its three vertices lie on its circumcircle, and no other points lie within.

3. The positions of the circumcentres of each of the triangles are calculated. These
points are the vertices of the polygons that will form the Voronoi tessellation,
and the perpendicular bisectors of the arms of the triangles will be sides of the

polygons. The polygons obtained at this stage are equiaxed.

4. If a structure representing rolled grains is desired, one of the axes is scaled ap-

propriately to achieve this effect.

The first three steps listed above are represented schematically in Figure 2.1.
The Vertex Dynamics Simulations program that will use this structure requires

periodic boundary conditions, i.e. the top edge of the Voronoi Tessellation must fit in
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2.2 Microstructure generation using Voronoi tessellation

(a) Points

(c) Voronoi tessellation

Figure 2.1: Schematic representation of Voronoi Tessellation using Delaunay triangula-
tion: (a) Generation of a random point field (black points) (b) Triangulation of the point
field using the Delaunay triangulation (black lines) and calculating the positions of the
circumcentres (red points) (c) Joining the red points to obtain the Voronoi Tessellation
(red lines)
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exactly with the bottom edge, and similarly for the left and right edges. As a result, the
Voronoi tessellation represents one tile in an infinite tiling of two-dimensional space.
Analogous to this tiling example, the structure represents a small repeating part of the
entire microstructure.

The structure generated is stored in two files:
1. A .nod file containing the coordinates of the vertices

2. A .cll file containing the vertex lists of each polygon. The vertices are referred

to using integers that correspond to the order of appearance in the .nod file.

Figure 2.2 shows a structure generated using voronoi2d with 5000 domains, with

a mean radius of 5 microns.

2.3 Principles of the vertex dynamics simulations

2.3.1 History

Vertex dynamics simulations were developed by Kawasaki et al. [22]. In their simula-
tions, the grain boundary triple points were represented by the vertices of polygons and
the grain boundaries themselves were the sides of these polygons. As a result, the grain
boundaries remained straight segments during grain growth.

The simulations were further improved by Weygand et al. [8] by introducing extra
vertices (called wvirtual vertices - as opposed to real vertices at the triple points) on the
grain boundaries in order to simulate their curvature.

In either case, the migration of grain boundaries is driven by the reduction in
the energy of the system by reducing the total grain boundary length - or surface
area in three dimensions. This is essentially what is termed curvature driven boundary

migration.

2.3.2 Program networkConsole

The program networkConsole has been written using C++ to carry out Vertex Dy-
namics simulations in two dimensions. The program reads the structure generated using
voronoi2d as input, along with other simulation parameters like temperature, stopping

criterion, statistics to be written to file and the frequency with which they are to be
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I | 00 micrometers; stepsize = 0.50 micrometers; grid 1140x1140

Figure 2.2: Microstructure generated using voronoi2d with 5000 domains and a mean

radius of 5 pm.
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written, and finally material parameters like the pre-exponential term for mobility and
the high-angle grain boundary energy. It proceeds then to carry out the simulation. The
flowchart of the program is presented in Figure 2.3. For details on the data structures
used in the program, refer to Appendix A. All calculations involving crystallographic
orientations are carried out using the library orilib developed by Romain Quey and
distributed freely under the GNU Public License v3.0 [36].

The equations used to calculate the velocity of vertices, and the mobility and energy
of subgrain boundaries are explained in section 2.3.3, the topological transformations

in section 2.3.4 and the determination of the time increment in section 2.3.5.

2.3.3 Velocity of vertices

Each vertex in the simulation is connected to other vertices - 2 for virtual vertices and

3 for real vertices. For a vertex i, the velocity v; is calculated using the equation 2.2.
Loz 1 o
Divi = fz — 5 ZDijUj (2.2)
J

where

f::zf; :Z%j rij‘ (2-3)
J J

|73

D.: = e e 2.4
v Smij ‘T‘:]’ (nZ] ® nl]) ( )
D; =) Dy (2.5)

J

Here 77; is the vector representing the boundary segment joining the vertices i and
J, myj; its mobility, v;; its energy, and n;; its normal vector. The vector v} is the velocity
of the vertex j connected to the vertex i.

The equation for the velocity of the vertex ¢ is essentially an equation of conservation
of energy, where the term f; represents the potential or surface energy available, and
the other terms containing the velocities represent the dissipation of this energy due to

the movement of the boundary segments [8].
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Start

Microstructure generation by Voronoi tessellation‘

‘Allocation of orientations to grains/ subgrains‘

‘Calculate mobility and energy of grain/subgrain boundaries‘

'Calculate vertex velocities|

[Calculate the time increment |

Move the nodes

‘ Topological operations ‘

Figure 2.3: Flowchart of the program networkConsole to carry out vertex dynamics
simulations in two dimensions
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2.3.3.1 Geometry

The term f; in the equation of the velocity represents the surface energy available for
the migration of boundary segments through the movement of vertices. This term is
the result of a vector addition of the directions and energies of each of the segments of

the vertex 1.

Figure 2.4 shows the two kinds of connections that a vertex may have. In the vertex
velocity equation 2.2, the real and virtual vertices differ from each other only in that
the real vertices have three connections while the virtual vertices have two. Since f_; isa
sum of the vectors in the directions of the segments, and these vectors are weighted by
the energies of these segments, the vertex will have a tendency to move more towards a
segment having higher energy, and thus contribute to the reduction of energy stored in
the system. In the special case when the energies of all the segments are identical and
the angles between the segments is 120° for a real vertex and 180° for a virtual vertex,

then the vertex is at equilibrium because j_"; =0.

j=2
=2

j=1 j=1

(a) (b)

Figure 2.4: Connections of vertices - (a) Real vertex with 3 connections and (b) Virtual

vertex with 2 connections
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2.3.3.2 Energy of subgrain boundaries

The boundary energy +;; plays a crucial role in the expression of f:] The program

networkConsole uses the Read-Shockley expression [12] for the boundary energy:

ol ()]

where vy is energy of a high-angle grain boundary (HAGB), 6 the boundary disorien-
tation and 0y the HAGB disorientation, taken to be 15°. This expression is used for
all disorientation angles less than the HAGB disorientation. For values greater than
the HAGB disorientation, the boundary energy is taken as ~y. Figure 2.5 shows the

variation of the boundary energy with disorientation evaluated using this equation.

D 1 1 1 1 1 1
1] 2 4 B g 10 12 14 16 18 20

Disorientation ()

Figure 2.5: Subgrain boundary energy as a function of disorientation angle, evaluated
using the Read-Shockley expression [12]

This is a rather simple description of the grain boundary energy as it depends on
nothing but the boundary disorientation. Other descriptions of grain boundary energy,
depending on disorientation axis, or coincidence site lattice (CSL) etc. [37] or on other
factors like the inclination and tilt of boundaries [38], may easily be used in place of

this equation.
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2.3.3.3 Mobility of subgrain boundaries

The dissipation terms in the equation of the vertex velocity include the mobility m;; of
the boundary segment joining the vertices ¢ and j. In the program networkConsole, the
mobility of a boundary having a disorientation 6 < 6 is calculated using the expression

in equation 2.7 due to Humphreys [29].
m = myacs [1 - 6*3“’/90)"] (2.7)

where myagp is the HAGB mobility, B = 5 and n = 4 are constants, 6 and 6y
are the boundary disorientation and HAGB disorientation respectively. The HAGB
mobility is strongly dependent on the activation energy for boundary migration and

the temperature according to equation 2.8.

mpagp = moe” @/ ET (2.8)

my is the pre-exponential term for the HAGB mobility and is related to the self-diffusion
coefficient of the material. For boundaries with a disorientation 6 > 6, the mobility is
taken to be equal to the HAGB mobility. Figure 2.6 shows the mobility as a function
of disorientation. It is clear that the exponential term in the mobility equation gives
the curve a very strong dependence on the disorientation angle between 4° and 14°.

It is seen from equation 2.7 and in Figure 2.6 that the mobility of subgrain bound-
aries with a disorientation 6 < 4° is almost 0. Humphreys and Hatherly [10] proposed
an alternative law for the mobility of subgrain boundaries with very low disorientation
(6 — 0). In this case, the boundary is made up dislocations that are spaced far enough
from each other for the effect of the behaviour of individual dislocations to be dominant.
The proposed mobility law is given in equation 2.9.

Dscjb2
T 4 kTO

(2.9)

where D, is the coefficient of self-diffusion, ¢; the concentration of jogs, b the magnitude
of the Burgers vector, k£ the Boltzmann’s constant, 7' the temperature, and c¢; is a
small constant. According to this equation, the mobility is inversely proportional to
the disorientation angle for very low angles. As a result, subgrain boundaries with very
low angles of disorientations would have larger mobilities. A schematic curve, given by
Humphreys and Hatherly [10], is shown in Figure 2.7.

Equation 2.9 was not used in the simulations for the following reasons:
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Figure 2.6: Grain boundary mobility as a function of disorientation.

1. It is difficult to measure the mobilities of subgrain boundaries with very low
angles of disorientations and therefore hardly any experimental data exists that

may provide values to be used in the simulations.

2. A recent study by Winning et al. [39] has looked into the mobilities of low-angle
boundaries in pure metals, but the expressions mentioned there correspond to
specific cases like symmetrical tilt boundaries, and are thus difficult to apply in
the current simulations where the nature of all the subgrain boundaries is taken
to be same. Winning et al. have also suggested an equation for the mobility of a
generic low-angle grain boundary (LAGB), but its expression is independent of

disorientation.

3. In equation 2.9, the jog concentration c; is unknown. Its value should depend on
the disorientation and thus may differ from one subgrain boundary to another,

and may also not remain constant during subgrain growth.

4. In the simulations, values of the disorientation approaching zero will result in

mobilities approaching infinity. This can be problematic from the point of view
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C1

Mobility

0 Misorientation

Figure 2.7: Mobility of boundaries as a function of disorientation with modified expression

for low disorientation angles (equation 2.9) [10].

of machine precision, and additional rules will have to be introduced to handle

such situations.

2.3.4 Topological transformations

The topological changes occurring in the microstructure during grain/subgrain growth
are duplicated in the program using the topological transformations. These transfor-
mations include the recombination of two triple points, and the disappearance of small
triangular and lens-shaped grains [8]. The topological transformations are illustrated

in Figure 2.8.

These topological transformations are triggered when a segment becomes shorter
than a critical length e. This critical length is defined as a fraction of the average length

between virtual vertices.

e = 2.5Npirtual D (2.10)
K
_ K (2.11)
1+ Nwirtual
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Figure 2.8: Topological transformations (a) Recombination of two triple points, (b) dis-

appearance of a triangular grain and (c) disappearance of a lenticular grain

(r) = |24 (2.12)
TNgrains

Here (r) is the average radius of the grains, A; the total area of the simulation, ny;tyal
the number of virtual vertices on each segment and K is a constant of proportionality.
This constant K is a simulation parameter. Choosing smaller values results in higher
precision - because topological transformations are triggered at smaller segment lengths
- at the cost of speed of execution. The value of K used in the simulations is 0.025 as
specified by Weygand et al. [8].

The methods for carrying out the topological transformations in the program are

detailed in Appendix B.

2.3.5 Time increment

The big advantage of the vertex dynamics simulations over the Monte Carlo type of
simulations of grain or subgrain growth is that vertex dynamics simulations have a
well-defined time step that corresponds directly with real-time. There are two kinds of

time step used in the simulation:
e Global time increment

e Fast vertices’ time increment

2.3.5.1 Global time increment

The time increment has a direct influence on the evolution of the microstructure because
it gives us the movement of the vertices by multiplying with the velocity calculated.
If the time step is too small, the movement of the vertices will be smaller, and this

will slow down the simulation unnecessarily. On the other hand, if the time step is too
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large, then the vertices may move too far and thus bypass any potential topological
operations. This will result in crossed grain boundaries and other similar errors.

In order to avoid these errors, the time increment is calculated for each segment
and the vertices on its two ends such that the segment does not change its length by
more than a fraction f = 0.5. If the two vertices of a segment have the initial position
vectors pi and p; and final position vectors p_{ and p_’;, the segment before and after

movement can be written as r72 and r}, where

T2 = P2 — Di (2.13)
T2 = Phy—D
= 712+ (vz —vi) At (2.14)

Here v1 and v are the velocities of the vertices 1 and 2 and At is the time increment.

In order to calculate the time increment, the following inequalities are solved:
(1= f) Il < [rf| < (1 + £) I (2.15)

The inequalities in 2.15 involve quadratic terms in At due to the vector magnitudes
and thus have 4 possible solutions. The smallest positive value is chosen as the solution.

It should be noted that at this point, each segment has its own value of time
increment. This is because the velocities of the vertices at the extremities of each
segment affect the change in length, and thus the value of the time increment.

Next, a fraction of up to frese = 0.05 of the vertices having the smallest At
values are separated and labelled fast vertices. Their treatment is explained in sec-
tion 2.3.5.2. Among the remaining vertices, the smallest time step is selected as the
globalTimeIncrement variable which is used for the movement of these vertices. Per-
forming this step speeds up the simulation considerably by separating out the vertices

with very high velocities and consequently low time increments.

2.3.5.2 Fast vertices

The fast vertices are those that have been selected based on their time increments as ex-
plained in section 2.3.5.1. For these vertices an alternative time increment is calculated

using a different value of the limiting fractional change in segment length.
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For the other vertices, this limiting value is taken to be equal to 0.5, while for the
fast vertices, it is taken to be 0.05. The time increment corresponding to this smaller
length change limit is smaller than globalTimeIncrement and prevents these vertices

from moving too fast and thus bypass any potential topological transformations.

2.3.5.3 Relationship between the Global and Fast time increments

After displacing all the other vertices, the program treats the fast vertices. The velocities
and time increments for these vertices are re-calculated to check if the motion of the
other vertices have modified them. Those vertices that no longer require a time step
smaller than the value in globalTimeIncrement are removed from the fast list and
displaced using their new velocities and the global time increment value. The remaining
vertices are moved using their own smaller time increment value, and this value is added
to a separate counter variable. When the value of this counter variable reaches the global
time increment value, the vertex is removed from the fast list.

The above steps are repeated in a loop until there are no fast vertices remaining.
Once in every five iterations of this loop, a check is performed for the topological
transformations and they are carried out if necessary.

By this method, the simulations remain quite fast by having a large global time
increment, while locally fast-moving vertices are dealt with separately using a finer

time step that adds up to the global time increment.

2.4 Validation

Before using the simulations for more complex cases, they must be validated using
simpler geometries that can be solved for analytically. This validation is presented in

the following sections.

2.4.1 Shrinking polygon
An isolated regular polygon with n sides slowly shrinks till it reaches zero area. The
rate of decrease of area is given by equation 2.16 [8].

dA,
dt

= —2mgpontg (W) (2.16)
n
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Figure 2.9: Rate of decrease of area in simulations compared with the analytic solution

For the limiting case of a circle, it can be considered to be an n-sided polygon with
n — oo. The slope is then equal to —27mmgpo. Simulations of such isolated grains,
carried out with mgp and o taken to be 1 for simplicity, yield the slopes shown in
Figure 2.9. Good agreement is seen with the slope values from the analytical expression.
It is seen that for n = 15 and above, the slope is approximately equal to that for very
large n. A shrinking 15-sided polygon and its decrease in area with time are presented

in Figure 2.10.
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Figure 2.10: (a) Shrinking 15-sided isolated polygon (b) Reduction of area with time for
the 15-sided isolated polygon
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2.4.2 Von Neumann-Mullins law

The evolution of the area A,, of an n-sided 2D polygon embedded in a frozen microstruc-

ture is described by the Von Neumann-Mullins equation:

dA,
_ - 2.1
o 3mGBa (n —6) (2.17)

An example of a 9-sided regular polygon is shown Figure 2.11 and its growth rate
is shown in Figure 2.12. It is seen that the slope of 3.2 is close to the value given by

the Von Neumann-Mullins law for n=9.

Initial grain Final grain

L L
-100 -50 1} 50 100 -100 -50 1} 50 100

(a) (b)

Figure 2.11: Growth of a 9-sided regular polygon embedded in a frozen microstructure:
(a) Initial shape (b) Shape after 150 iterations

Figure 2.13 shows that the present simulations, carried out with mobility and energy
both taken to be equal to 1 for simplicity, fulfil the Von Neumann-Mullins law for
different numbers of virtual vertices used to discretize the grain boundaries.

The number of virtual vertices used for discretizing the grain boundaries must
be selected carefully. Using a large number of virtual vertices is expected to improve
accuracy, but in the case of short boundary segments, it might do exactly the opposite
by causing very high values of boundary curvature in the vicinity of triple points.
This would, in turn, make the triple points have high velocities and typically lead to
a flip-flop situation at these points where the triple point keeps oscillating about its

position at the time when the high curvature first occurred. This problem is solved by
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Figure 2.12: Rate of increase of area of the 9-sided polygon shown in Figure 2.11
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Figure 2.13: Von Neumann-Mullins law is verified by the simulations for an n-sided

polygon embedded in a frozen microstructure.
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2.5 Adapting for subgrain boundaries

defining a minimum length limit such that all boundaries shorter than this length are
not discretized using virtual vertices.

The equations for the simulation have thus been validated for simple cases that can
be solved analytically. Therefore, the simulations can now be applied to more complex

structures.

2.4.3 Scaling behaviour

In the case of normal grain growth, the increase in the mean grain area is expected to
follow the power-law derived by Burke and Turnbull [14]. According to this law, the
mean radius is proportional to the square root of time. In other words, the mean area

should have a linear dependence on time as seen in equation 2.18.
(4) (1) = (4) (0) + Kmgpot (2.18)

A simulation was carried out with all grain boundaries having the same values of
mobility and energy, which were equal to the values for high-angle grain boundaries.
The increase of mean grain area with time is shown in Figure 2.14. The constant K
was found to be equal to 0.96, or approximately equal to 1, in the present simulations

as shown in Figure 2.14.

2.4.4 Microstructure

The images in Figure 2.15 show a sample of grain growth achieved using the vertex
dynamics program developed in the course of the PhD thesis. The initial structure
had 530 grains with a mean size of 30 ym, and a random distribution of orientations.
A visual inspection of the microstructures provides for a qualitative validation of the

correctness of the simulation.

2.5 Adapting for subgrain boundaries

2.5.1 Fast treatment

As explained in section 3.5, the treatment of fast vertices is carried out by separat-
ing these vertices having high velocities in order to obtain a higher value of the time

increment. The detection of the fast vertices is done by pooling the vertices into bins
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Figure 2.14: Scaling behaviour of mean grain area evolution with time

Figure 2.15: Normal grain growth using the vertex dynamics simulation program (a)

Initial microstructure generated using Voronoi Tessellation and (b) Evolved microstructure
using vertex dynamics
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2.5 Adapting for subgrain boundaries

according to their individual time increment values, the number of vertices in the nt"
bin being the number of vertices having a time increment less than or equal to 10™"s
with 0 < n < N;n, N € N. The index ¢ of the first bin having at least one and less than
the fraction frqs number of vertices gives the global time increment value as 10~ %s,
and all the vertices having a time increment less than this value are labelled fast.

For grain growth, the value of N = 10 yielded satisfactory results. In the case of
subgrain growth, the disorientations between subgrains are smaller, resulting in smaller
mobilities, energies and thus smaller velocities. This means that for most of the vertices,
the time increment value should be large compared to the vertices in a grain growth
simulation. Nevertheless, there remain a small number of vertices which have very large
velocities. These vertices force the global time increment to remain at small values -
typically 1079 s - and this slowed down the simulation considerably for the meagre
benefit of managing a few fast vertices.

To avoid this problem, it was decided to use a smaller value of IV, i.e., fewer bins.
This serves two purposes: first, a larger time increment is obtained allowing the simu-
lation to run faster and second, more vertices fall into the fast category which justifies
their being treated separately.

It should be noted that having too small a number of bins would be detrimental
to the accuracy of the simulation by forcing a large time increment on some vertices
having large velocities. It was found that N = 6 was sufficiently small for the purpose

of subgrain growth - achieving a compromise between speed and precision.
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Experimental Techniques

3.1 Material

This study concentrates on the industrial alloys of the type AA3004. The alloys of this
type are used for beverage packaging such as cans, and also for heat exchangers and
radiators. Since these service conditions usually involve pressure differences between
the inside and outside of the structures, and in the latter case the added influence of
heat, softening by recovery is a very pertinent problem for alloys of this type.

A model alloy of Al-0.1% Mn is used because it represents approximately the solid
solution matrix of the industrial alloy without the presence of the precipitates. The alloy
was furnished by Alcan CRV in the form of ingots for the theses of Quey [40], Barou
[2] and Albou [5]. The role of Mn is that it improves the strain hardening of the alloy
and also limits the rate of recovery and recrystallization, thus providing more control
during the study of the recovery kinetics compared to high-purity Al. The chemical
composition of the alloy is presented in Table 3.1.

From the ingot, bars of dimensions 20 mm X 13 mm x 150 mm were cut out. Quey

[40] reported that these bars only had a weak initial texture (see Figure 3.1). These

Solute (wt%) Impurities(ppm)
Mn Cu|Mg |Si|Fe| Ni | Zn | Ca | Na
0.12 15 2 6 | 5 0331023 0.23| 147

Table 3.1: Chemical composition of Al-0.1% Mn model alloy [5]
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Figure 3.1: Initial texture of the bars of Al-0.1% Mn model alloy [40]

bars were then subjected to the thermomechanical treatment described in section 3.2

and the methods used for their characterization are described in section 3.3.

3.2 Thermomechanical treatment

In order to quantify the kinetics of recovery, severely deformed samples were annealed
at different temperatures for different durations and their microhardness was measured.

These processes are detailed in the following sections.
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3.2 Thermomechanical treatment

20 mm
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Figure 3.2: Schematic representation of the deformation by cold rolling

3.2.1 Deformation by cold rolling

One bar of the Al-0.1% Mn model alloy was deformed by cold rolling to reduce its
thickness from 20 mm to 380 um, or a true strain of e = —In (%) ~ 3.96. This
severe level of deformation was carried out to enable recovery to proceed readily during
annealing. The rolling setup is schematically shown in Figure 3.2. The reduction of
thickness was achieved in four passes through the rolls.

Since the metal is severely deformed, it would start to soften by recovery even at
room temperature. In order to prevent this, the rolled sheet was stored in a freezer
maintained at —23°C. From the rolled sheet, samples measuring 25 mm (along RD) x
15 mm (along TD) were cut out, taking care to exclude parts of the sample close to
the borders of the rolled sheet. These samples were then subjected to annealing at dif-
ferent temperatures and for different durations. Between annealing and microhardness

measurements, as well as sample preparation steps, the samples were always returned

to the freezer.

3.2.2 Annealing

Four temperatures were selected for the annealing: 130, 160, 190 and 225 °C. They
were carried out in an oil bath for the treatments at 130 and 160 and 190 °C, and in
an air furnace for 225 °C. This was done because the maximum allowed temperature
for the silicone oil used in the oil bath was 200 °C. It is assumed that the large surface
area of the samples compared to their thickness causes the temperature to homogenize
rapidly, and thus avoid large temperature gradients within the samples.

Both the oil bath and the air furnace were heated up to the required annealing
temperature and maintained for at least 48 hours in order to verify the stability of the
temperature. The annealing treatments were carried out only after the temperature

reached a stable value.

95



3. EXPERIMENTAL TECHNIQUES

3.3 Characterization

3.3.1 Sample preparation

The sample characterization was performed by microhardness to observe the softening
of the alloy and by Electron Back Scattered Diffraction (EBSD) to observe the evolution
of the microstructure. For both types of observation, some sample surface preparation
is necessary. The observations by EBSD and the microhardness measurements were
made on the ND-RD section of the samples.

For this, the samples were cold-mounted in a methacrylate resin mould. This is a
nonconducting resin and later proved to be a major obstacle in carrying out observations
in EBSD. The conducting resin required hot mounting involving temperatures up to
150 °C. Since the samples’ microstructure and mechanical properties are extremely
sensitive to temperature, it was decided to use the non-conducting resin to mount the
samples.

After mounting, the samples were mechanically polished using SiC abrasive papers
with grit sizes of P800, P1200, P2400 and P4000 successively, and finished with 3 um
and 1 um diamond pastes on felt discs. The state of the sample at this stage can be
seen in Figure 3.3.

The quality of the surface produced after mechanical polishing was adequate for
the microhardness measurements. For observation by EBSD, an additional step of elec-
trolytic polishing was carried out in an electro-polishing setup Struers LectroPol-5 using

the Stuers electrolyte A2. The electropolishing parameters are as follows:
e Voltage: 10 V
e Flux: 12
e Mask area: 5 cm?

e Polishing time: 25 s

3.3.2 Microhardness

The microhardness measurements were made using a Matsuzawa MXT70 microhard-
ness tester with a Vicker’s micro-indenter. The applied load was 25 g with a dwell time

of 10 seconds.
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3.3 Characterization

Figure 3.3: The sample after cold-mounting and mechanical polishing. The visible sample
surface is the ND-RD face of dimensions 380 ym x 25 mm. The steel rings are used to

hold the sample upright during cold-mounting
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The NF A 03-253! norms were followed for the microhardness testing. These hard-
ness testing norms indicate that for accurate microhardness measurements for an in-
dentation having a diagonal length of d, the centre of the indentation must be at a
distance of 3d from the edges of the sample and 6d from the centre of any other inden-
tation. The load of 25 g is the largest load that can be applied on these samples while
staying within the specifications of the hardness testing norms. Smaller loads produce
indentations of smaller size, which results in greater errors in measurement.

The ND-RD face (see Figures 3.2 and 3.3) of the samples was chosen for the mi-
crohardness measurements because the maximum elongation of grains as well as their
flattening are observable on this face. The width of this face is about 380 pm. The
indentations produced by 25 g load had diagonals of length in the vicinity of 30 pm.
Since the grains in the undeformed sample had sizes of the order of 1 mm, the deformed
structure should have flattened grains that are about 20 ym thick in the ND-RD sec-
tion. Therefore, the size of the indentation was about the same as the grain size. In
order to respect the norms, the required distance from the edges of the sample is 90
pm. However, it was observed that there was a large dispersion in the microhardness
values of any sample if the indentation was made anywhere off the central line. This
is probably due to the small width of the sample and possible effect of the resin and
the steel rings holding the sample. Therefore, care was taken to make the indentations
along the central line of the samples, i.e. at approximately 190 pm from the edges, and
the sample was displaced by 200 pm between subsequent indentations. For the samples
that underwent longer annealing treatments, the indentation diagonal length was close
to 35 um. For these samples, the displacement between subsequent indentations was
taken to be 300 pm. Fifteen measurements were made on each sample and the mean

and standard deviation were calculated.

3.3.3 EBSD mapping

Electron Back Scattered Diffraction (EBSD) in a Scanning Electron Microscope (SEM)
is a technique developed over the last two decades that allows us to determine the
crystallographic orientation of individual regions within a microstructure. It is therefore

the ideal tool for characterizing the micro texture of a sample.

!Norme Francaise enregistrée pour aluminium et alliages d’aluminium, cuivre et alliages de cuivre,
April 1972.
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incidant
glectron beam phosphor

scraen

filted
samplée

lattice .
planes (hkl

Figure 3.4: Schematic representation of the setup for EBSD [41]

The EBSD technique works on the principle of diffraction of electrons by planes
present in the crystal. The electron beam incident at a point on the sample causes the
electrons to diffuse into the sample and then scattered by the atoms. The back-scattered
electrons are then diffracted by the crystallographic planes when Bragg’s law (equation

3.1) is satisfied.

2dhkl sin ehkl =nA (31)

The diffracted electrons form a cone on each side of the set of diffracting planes,
with the normal to the planes being the cones’ common axis. Inside the microscope
chamber, a phosphor screen is placed to detect the diffracted electrons. The schematic
representation of the setup described above is shown in Figure 3.4 [41]. The sample
is tilted to an angle of 70° to reduce the depth of penetration of the electrons into
the sample, and thus maximize the number of electrons backscattered and diffracted
towards the phosphor screen.

The intersection of each set of cones with the phosphor screen gives us two hyperbo-

lae which appear as straight lines because the diffraction cones usually have very large
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Figure 3.5: An example of a Kikuchi pattern, its Hough transform, and identification of
Kikuchi bands [42]

angles and thus are very wide. These lines are known as Kikuchi bands. The central
line of each Kikuchi band is in fact the trace of the diffracting plane. When the electron
beam is focused on a certain point on the sample surface, several planes diffract, and
thus a pattern with many Kikuchi bands is formed. An example of a Kikuchi pattern
and the identification of the Kikuchi bands explained later are shown in Figure 3.5 [42].

Next, the diffraction pattern is transformed from the x —y space of the screen plane
to the p — 6 of Hough space according to the Hough transform shown in equation 3.2.
A straight line in the x — y space becomes a point in Hough space with p being the
perpendicular distance from the origin and 6 the angle between the perpendicular to

the line and the z-axis.

p=1xcosh+ysind (3.2)

Using the points in Hough space, the Kikuchi bands are identified. The angles
between the bands are used to calculate the angles between the corresponding planes
by considering the geometry of the setup and the point of incidence of the electron
beam. Comparing these angles to lists of interplanar angles for the crystal structure
of the sample yields the Miller indices of each plane. Using the Miller indices the
crystallographic orientation is calculated.

For carrying out EBSD mapping in this work, A JEOL 6500F SEM-FEG was used,
with a voltage of 20 kV at a working distance of 18.1 mm.
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4

Kinetics of recovery

4.1 Introduction

Albou et al. [6] have reported that single crystals of Al-0.1% Mn, deformed in plane
strain compression and subsequently annealed, show rates of recovery that differ from
one orientation to another. The objective of this work is to ultimately carry out simu-
lations of subgrain growth using vertex dynamics in order to explain the causes behind
the different recovery rates and attempt to quantify this difference. In order to carry
out the simulations, a value of the activation energy for subgrain boundary mobilities
in this alloy is required so that they take realistic values in the simulations. Before
subgrain growth occurs, two other steps - the arrangement of dislocations into cells,
the annihilation of dislocations within the cells - occur [10]. These steps represent dif-
ferent mechanisms and thus the activation energy can be different for each. It should
be noted here that Barou et al. [3] have made measurements of sub-grain growth in this
deformed alloy by special EBSD techniques but they are delicate and time-consuming.
A more general and simpler method was therefore attempted.

This chapter presents an estimation of the activation energy for recovery based
on the method of analysis by Vandermeer and Hansen [9]. This method is attractive
because it proposes a single kinetic law based on hardness variations that spans the
beginning of recovery to the final stages of subgrain growth. Additionally, it is a rela-
tively recent development in the study of recovery kinetics that has not been applied
widely. The analysis uses microhardness measurements on samples taken from a cold-

rolled sheet of Al-0.1% Mn model alloy, deformed to a true strain of € = 3.96 or 98%
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Figure 4.1: EBSD map of the undeformed sample showing part of large grains of size of
the order of 1 mm. Non-indexed points are shown in white.

reduction in thickness, which were isothermally annealed at four different temperatures
for different durations. Annealing at 130, 160 and 190 °C was carried out in an oil bath,
and an air furnace was used for annealing at 225°C. The high value of deformation was

selected so that the samples would recover relatively quickly at low temperature values.

4.2 Microstructural evolution during annealing

4.2.1 EBSD mapping

Characterization of the microstructure by EBSD was attempted, but it resulted in
rather poor indexation rates for all except the undeformed sample and the samples
annealed for the longest duration of 1000 hours at 190°C and 480h at 225°C. These
EBSD maps are presented in Figures 4.1-4.3. The colours in the figures represent crys-
tallographic orientations, a legend for which is present in each figure in the form of
an inverse pole figure (IPF). The non-indexed points are shown in white on the EBSD
maps.

There are two reasons for the poor indexation in EBSD. The first is the very high
amount of deformation given to the metal, which results in a highly fragmented mi-
crostructure which is harder to index. This problem is not critical for the samples that
have started to recover during annealing and indeed for these samples the indexation
was better in the beginning of the scans. However, we also encountered beam focusing
difficulties which adversely affected the EBSD quality. Due to the temperature sen-

sitivity of the microstructures, it was not possible to mount the annealed samples in
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Figure 4.2: EBSD map of the sample annealed for 1000 hours at 190°C. Non-indexed

points are shown in white.

a conducting resin which requires hot mounting. They were thus cold-mounted in a
non-conducting resin. As a result, there was an accumulation of charges on the surface

of the sample during the EBSD mapping, which caused the beam to de-focus.

4.2.2 Microhardness

The microhardness measurements were carried out using a Matsuzawa MXT70 micro-
hardness tester with a VickerZs micro-indenter. The load applied was 25 g and the
dwell time was equal to 10 seconds. The measurements were carried out on the ND-RD
face of the samples. Fifteen measurements were made for each sample and their mean
and standard deviation were calculated. The results for four annealing temperatures
between 130°C and 225°C are presented in Figures 4.4 and 4.5. The points in the figures
are the mean of the fifteen measurements and the error bars represent the standard
deviation.

The figures present the microhardness values versus annealing time (on a logarithmic

scale). For ease of comparison, all the figures share the same scale on both axes. By
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Figure 4.3: EBSD map of the sample annealed for 480 hours at 225°C. Non-indexed

points are shown in white.

comparing the figures, it is evident that there is a softening of the deformed alloy with
time of annealing at a given temperature. This softening occurs at a higher rate at
higher temperatures. It is also seen in the graphs for the samples annealed at 190°C
and 225°C, that there is a trend of logarithmic decay of the microhardness with time.
However, the results at 225°C show that the samples have recovered more than 50%
of the difference between the deformed and undeformed (recrystallized) states. In fact,
their hardness values are close to that of the undeformed sample, which was in a
recrystallized state. The softening trend is not very clear for the samples annealed at
130°C and 160°C. For the samples annealed at 130°C, there is hardly any softening
observed, while for those annealed at 160°C, there is some softening, but the trends are
interrupted by the relatively high hardness values observed for the samples annealed

for 1 hour and 1000 hours.
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Figure 4.4: Microhardness values for annealing at (a) 130°C, (b) 160°C. The error bars

represent the standard deviation of the fifteen measurements made for each point.
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Figure 4.5: Microhardness values for annealing at (a) 190°C and (b) 225°C. The error
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4.3 Activation energy for recovery

4.3 Activation energy for recovery

4.3.1 Analysis method

4.3.1.1 Model equations

The analysis of recovery kinetics proposed by Vandermeer and Hansen [9] was used to
estimate the activation energy for recovery from the microhardness data. This analysis
method is based on the representation of stored energy as the measure of the progress
of recovery, as first proposed by Borelius et al. [18]. This model is based on an earlier
model by Kuhlmann-Wilsdorf et al. [17], where the flow stress was used to quantify

recovery. The differential equation for the rate of recovery is given in equation 4.1

dP Qo—BP
T pre (Cm)
dt 0¢

(4.1)

This equation involves a variable activation energy term (Qo — SP), so that the
activation energy is lowest at first in the presence of high dislocation densities and
slowly rises towards )y as recovery proceeds. P represents the energy stored in one
mole of the metal at time ¢, and was represented by Vandermeer and Hansen (equation

4.2) in terms of the fractional residual strain-hardening f (defined in equation 4.3).

P = Pyf? (4.2)
H - H,
ey -

In equation 4.3 H is the hardness of the sample at time ¢, and H, and H, are the
hardness values of the recrystallized and deformed states respectively. Replacing P in
equation 4.1 with the expression given in equation 4.2, and integrating, Vandermeer

and Hansen obtained the kinetic law described in equation 4.4.

By (cf?) = Bu(c) + ty " (4.4)
where
00 eft 00 efwt
El(x):/ Tdt:/ —dt (4.5)
t=x t=1
. e
tO — K(]e RT (46)
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and

o= B
RT

(4.7)

In equation 4.6, Qg is the activation energy that is to be estimated. The other
unknown in the kinetic equation is ¢ (equation 4.7), which involves the constant 3 and
the energy stored per mole of material Py. Due to the form of the expression of c,
these two cannot be separated from each other. However, Py can be estimated from the
deformation given to the material and this value can be used to obtain an estimate of
(8 once the quantity ¢ in equation 4.4 is evaluated.

The microhardness data appears in equation 4.4 in the form of the quantities (¢, f 2)
where f? is the square of the fractional residual strain hardening at time t. The frac-
tional residual strain hardening is defined in equation 4.3.

The unknown terms in equation 4.4 are ¢ 1and ¢, defined in equations 4.6 and
4.7. Assuming that all terms in these equations are independent of the temperature
T, ty 1'and ¢ should be constants for a given temperature. Due to the complexity of
equation 4.4, it is not possible to solve analytically for the unknown terms. Therefore,
a numerical approach, very recently used by Yu [19], is applied. For each data point
(t, f?) for a single temperature, a curve is plotted in the (c, ty 1) space by calculating
the values of ¢ ! for a range of values of ¢. Next, points of intersection between these
curves are calculated; they should provide the characteristic values of tg and GFP,. An

example of the resulting graph can be seen in Figure 4.6.

4.3.1.2 Removal of noise from experimental data

From Figure 4.6, it is evident that while there is a grouping of the points of intersection,
there are also a few other points that lie far from this group. Further analysis taking
all the intersection points results in very poor fitting of the experimental data with
the model equation. In a communication with Yu (Materials Department, DTU Risg,
Denmark), he informed us that he had faced the same problem. In order to determine
the characteristic value of ¢, he manually selected a point which appeared to be the
convergence for the majority of the lines.

In the interest of developing a more general method, it was decided to adopt a
statistical approach to exclude points that introduce errors. This method is explained

in the following.
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190 C

1
05 1 15 2 25 3 35
B Py (imal) 10°

Figure 4.6: Curves (in blue) generated from values of (t,f?) calculated from micro-
hardness measurements on samples annealed at 190°C, with the points of intersection
highlighted (in red)
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190 C

1
0.5 1 15 2 25 3 35
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Figure 4.7: Filtered data set after removal of points lying far from the cluster

Since some of these points are rather far away from the cluster in which most of
the points lie, they adversely affect the value of the mean convergence point. To avoid
this, a recursive scheme is used to remove outlying points one by one, starting from the
ones farthest from the mean, until the standard deviation of the new reduced data set
becomes less than a fraction p of its mean value. This value of p is determined to be
equal to be 1 by iterating through a series of values till the best possible fit (smallest
residuals) of experimental data is obtained. This filtering process applied to the dataset
of 55 points shown in Figure 4.6 removes five points from the lower right portion of the
graph. The resulting graph with the smaller dataset is shown in Figure 4.7.

Once the smaller dataset with a lower standard deviation is obtained, the mean
value of ¢ is calculated for this temperature. The same process is then repeated for

each temperature.

4.3.1.3 Evaluating the stored energy and activation energy

Using the values of ¢ and their corresponding temperatures, the values of 3P, are ex-
tracted. Since Py represents the energy stored in one mole of the metal by deformation,

and ( is also a constant, P, should be the same for all samples. This constant is taken
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Temperature (°C) | Py (kJ/mol)
130 171.6
160 102.4
190 90.4
225 81.2

Table 4.1: Values of 8P, estimated from (t7 fz) curves.

Temperature (°C) tot(s™h
130 7.77 x 10718
160 1.25 x 1071°
190 4.99 x 10712
225 5.95 x 1077

Table 4.2: Mean values of t; ! calculated for each annealing temperature.

to be equal to the mean of the different values of 3Fy, and the values of ¢ = Py/RT
are re-calculated for each temperature using the mean value.

The new values of ¢ are then used in equation 4.4 to obtain a value of ¢, ! for each
(t, f 2) at a given temperature. The geometric mean of the set of ¢ ! values is calculated
to obtain the value of ¢ ! for each temperature. The geometric mean is taken because
of the large dispersion of these values due to the exponential nature of its expression
(equation 4.6). This expression also shows that plotting In (ta 1) against 1/T should
give us a straight line with slope equal to —Qp/R, from which the activation energy Qo

is estimated.

4.3.2 Results

4.3.2.1 Activation energy

The values obtained for 3F,, using the method explained above, are listed in Table 4.1.
The mean value is 111.4 kJ/mol.

Using this value for 3P, the values of ¢, ! are calculated for each temperature. These
values are presented in Table 4.2. These values are plotted against (1000/7) in Figure
4.8 and the slope of the line is used to obtain the value of the activation energy as 440.6

kJ/mol.
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Figure 4.8: Recovery kinetics as a function of temperature - Linear fit performed to

estimate the value of the activation energy

With the values of ¢, 1 and the mean value of 8Py, the fit of the experimental data
with the equation of the form of equation 4.4 is tested. The results are presented in

Figure 4.9.

The activation energy of 440 kJ/mol obtained from the analysis of the data is un-
usually high compared to values for other aluminium alloys published in the literature:
from 141 kJ/mol to 196 kJ/mol for AA1050 deformed by cold rolling to true strains of
2 and 4 respectively, 228 kJ/mol for AA1100 deformed by accumulative roll bonding
(ARB) to a true strain of 4.2 [19], and 124 kJ/mol for AA1050 cold rolled to true strains
of 2 and 4 [9].

Looking at the hardness values of the samples annealed at 225°C (Figure 4.5(b)),
it is suspected that these samples have begun to recrystallize. This is also suggested by
the equiaxed form of the grain that is visible in the EBSD map of the sample annealed
for 480 hours at 225°C (Figure 4.3). Therefore, it was decided that measurements
from annealing at this temperature were not representative of recovery, and should be

excluded from the analysis.
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Figure 4.9: Experimental data points (in red) with the model curve (in blue). The model
curve is generated using the parameters ! and BP, estimated from the experimental
data.

73



4. KINETICS OF RECOVERY

-24 T T T T T T

y = - 45%x + 69 s
= Q= 37415 kJ mor”! linear [1

2B

28k i

a0k i

= i

o 34t Y

Inft

6 - 4

a8k 4

A0k i

42t T

_44 1 1 1 1 1
21 215 22 225 23 23 24 245 25
100007 (k™

Figure 4.10: Estimate of activation energy for recovery using data from annealing at 130,
160 and 190°C

Repeating the analysis with data from the three lower annealing temperatures yields
a value of 121 kJ/mol for B8P, and 374 kJ/mol for Q. (Figure 4.10)

4.3.2.2 Stored energy

The energy given to the material by means of deformation is stored within it in the form
of dislocations. This stored energy per unit volume is expressed in terms of dislocation

density in equation 4.8.

E =0.5ub’p (4.8)

where p is the shear modulus of the metal, b the magnitude of the Burgers vector and
p the dislocation density. Evidently, for a greater deformation given to the material,
the dislocation density is greater and thus more energy is stored. The relationship
between dislocation density and the strain hardening is expressed approximately by

the parabolic hardening law in equation 4.9.

Ao = Mauby/p (4.9)
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In the above equation, Ac¢ is the strain hardening, M the Taylor factor, and «
a geometrical constant equal to the cosine of the angle at which dislocations break
through obstacles. The terms p, b and p have the same meanings as earlier. Using the
stress-strain curve for the plane-strain compression of Al-0.1% Mn alloys published by
Albou et al. [6], and extrapolating to a true strain of 4, the expected flow stress is
175 MPa, and the strain hardening is thus 155 MPa. The values of the other terms in
equation 4.9 are taken equal to those used by Albou et al.: M = 3.31 for polycrystals,
p = 26 GPa, b = 2.86 A. This gives us the value of dislocation density p = 4.4 x 1014
m~2, and the stored energy per unit volume F = 468 kJ m~3, or per mole Py = 4.68
J/mol. From the value of 3P, estimated earlier, we get 3 = 2.6 x 10%.

Since the real stored energy is three orders of magnitude smaller than the activation
energy, [ is expected to take large values if the apparent activation energy is to vary

in the course of recovery.

4.4 Discussion

From the results obtained using the Vandermeer analysis, we see that the apparent
activation energy @),y for recovery, given in equation 4.10, should start from 253 kJ /mol
and keep increasing up to 374 kJ/mol as the material recovers and the stored energy

decreases. These values are much higher than the activation energy for the diffusion of
Mn in Al, 211 kJ/mol [3].

Qapp = QO - ﬁPO (4.10)

Barou et al. have applied the logarithmic recovery kinetics law proposed by Nes [13]
to estimate the apparent activation energy for recovery based on detailed subgrain size
measurements; in the Al - 0.1% Mn model alloy they were found to be in the range of
173 to 194 kJ/mol. The model used in their analysis considers the mechanism of re-
covery to be dislocation climb in subgrains. The recovery rate is thus controlled by the
diffusion of Mn atoms through the Al matrix and the activation energy values reported
correspond to the activation energy for solute diffusion. The presence of dislocations in
the subgrains introduces stresses into the matrix, which lower the activation energy for
solute diffusion. As recovery proceeds, the dislocation density reduces as do the inter-

nal stresses, and the activation energy for solute diffusion increases. Good agreement
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Deformation . Activation
Authors Alloy mode Strain energy (kJ/mol)
2 141 4+ 17
AA1050 Cold Rolling 4 192 + 5
Yu (2011) [19] 5.5 186-196 % 10
AA1100 ARB 4.2 228 + 18
Vandermeer and . 2 125
Barou et al. (2012) [3] | Al-0.1%Mn PSC
Solute-diffusion model [13] | model alloy | (channel-die) 1.56 186
Majumdar (2013) Al-0.1%Mn '
Present study model alloy Cold rolling 4 374

Table 4.3: Activation energies reported in literature for aluminium alloys [3, 9, 19]

was obtained between the subgrain growth predicted by the model and that measured
experimentally.

The activation energy obtained in the present work is also quite high compared
to those reported for other aluminium alloys - 186-196 kJ/mol by Yu for cold rolled
AA1050 [19], 124 kJ/mol by Vandermeer and Hansen for AA1050 [9], both using the
same analysis method as in the present study.

All the values quoted above are represented in Table 4.3.

In the study by Barou et al., the samples were deformed in plane strain compression
to a Von Mises equivalent strain of 1.8, which in terms of true strain is equal to 1.56.
Using the square-root law in equation 4.9 to determine the flow stress and thus the
stored energy, we get the stored energy to be 2.2 J/mol. This results in an activation
energy of 243 kJ/mol according to the expression in equation 4.10 and the value of /3
determined earlier is used with the mean apparent activation energy of 186 kJ/mol.

It should be recalled at this point that the activation energy for recovery is supposed
to be a constant value, characteristic of the solute elements, the diffusion of which is
expected to be the rate controlling mechanism.

The results obtained by Vandermeer and Hansen give the same value of activation

energy for strains of 2 and 4. The value of 124 kJ/mol in their analysis is equal to
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Figure 4.11: Values of § for different temperature and strain values, as presented by
Vandermeer and Hansen [9]

that of the self-diffusion of Aluminium. However, Table 1 in their article shows that
the quantity (8P,/RT) remained roughly constant for all temperatures and strains.
This is inconsistent because the model (equation 4.1) assumes (3 to remain constant,
and the stored energy Py should be a constant for a given value of strain, implying
that (8Py/RT) must be different for different temperatures. Using approximate values
of the stored energies corresponding to the strains of 2 and 4, the values of 3 were
calculated from Table 1 of Vandermeer and Hansen [9]. These values are plotted against
temperature in Figure 4.11 and it is seen that, as expected, § is not constant in their
analysis. Therefore, the constant activation energy obtained in this study is probably
erroneous resulting from the fact that (GPy/RT) was taken to be a constant.

In Yu’s PhD thesis [19], the analysis of the method developed by Vandermeer and
Hansen was improved upon. A single value of 5P, was calculated for each strain. This
was done by manually selecting the point of convergence of curves in a graph of the
type of Figure 4.6. The numbers presented in Table 4.3 show that, for AA1050, the
activation energy values calculated by Yu increase with increasing strains. The values

for strains 4 and 5.5 for AA1050 are close the activation energy for the diffusion of Fe
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4. KINETICS OF RECOVERY

in the bulk Al matrix.

It should also be noted that both analyses study the same AA1050 alloy deformed
by the same method of cold rolling. Yet the activation energies calculated by the two
authors are quite different.

In the present analysis, precautions were taken to avoid any of the errors mentioned
earlier. An improvement was made over Yu’s method of manually selecting the conver-
gence points (Figure 4.6) by applying a statistical filtering of the data set to only include
points that are clustered together. In spite of these, the activation energy obtained is
very different from that reported Barou et al., and is in fact uncharacteristically high

for an aluminium alloy of its kind.

4.5 Conclusions

In light of the above results and comparisons, it is concluded that the recent model
by Vandermeer and Hansen, though elegant in form and based on relatively simple
microhardness measurements, poses several difficulties in practice. These are due to

the following sources of error:

e The complexity of the kinetic law (equation 4.4) and the number of unknowns
render the problem impossible to solve analytically. A numerical approach is

therefore necessary, which introduces errors due to approximations.

e The model contains two constants - 3 and K - that represent the dominant recov-
ery mechanism. However, it has been established that there are several processes
that occur, concurrently or consecutively, during recovery [10]. Therefore, the two
aforementioned constants should, in fact, not be constant and change as recovery
proceeds. This is demonstrated by the fact that even the simple expression for the
apparent activation energy (equation 4.10) results in different values for different

strains [19]. This adds further complexity to the already complex model equation.

e The model equations contain terms expressed as exponential integrals. Any uncer-
tainty in microhardness measurements are greatly amplified in these exponential

terms when they are used in the model equations.
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4.5 Conclusions

e The progress of recovery is expressed in terms of microhardness. This method is
sensitive to the form of the samples, especially when the sample size is small. This
is the case for the highly deformed samples that were used in this study where
the standard deviation of the measurements on some samples were found to have

large values (see Figures 4.4 and 4.5).

It is therefore decided that the activation energy for the Al-0.1% Mn model alloy,
to be used for the vertex dynamics simulations that follow, will be taken to be 190

kJ/mol, reported by Barou et al. [3].
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Simulation of subgrain growth

5.1 Introduction

It is well known that crystallographic orientation has a strong effect on the mechanical
properties of a metal. Consequently, the deformation microstructure depends strongly
on crystallographic texture [10]. It has also been noted that the annealing behaviour
is dependent on the crystallography. Xing et al. [4] have shown that in the commercial
purity aluminium alloy AA1200, structural coarsening during annealing depended on
the local texture. In their analysis, the microstructure of the rolled samples consisted of
lamellar bands with 70% typical rolling texture components, like Brass and S and Cop-
per, and 30% other texture components. When annealed at temperatures of 200°C and
above, heterogeneous coarsening was observed - subgrains lying close to the boundary
between lamellae grew and became more equiaxed while those far from the boundary
did not grow. It was also observed that lamellae consisting of rolling texture compo-
nents showed less coarsening compared to those having other texture components. This
difference was attributed to the high mobilities of the lamellar boundaries due to their
high misorientation.

In order to study more specifically the effect of crystallographic orientation on the
rate of recovery, Albou et al. [6] deformed single crystals of an Al-0.1%Mn model alloy
in plane-strain compression in a channel-die up to a true strain of 2.3, and then an-
nealed them at different temperatures for different durations. The orientations selected
were the ones typically encountered in the rolling texture - Goss {110}(001), Brass
{110}(112) and S {123}(634). It was reported that during annealing of the deformed
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5. SIMULATION OF SUBGRAIN GROWTH

samples, both Goss and S showed significant subgrain growth while the Brass oriented
crystals exhibited very little subgrain growth. In the article, the difference in recovery
rates was attributed to the deformation microstructures and the resulting difference in
the disorientation distributions.

Vertex dynamics simulations of grain and subgrain growth are a very appropriate
tool to study the effect of microstructural parameters such as disorientation and sub-
grain size on the rate of recovery. Hence, it was decided to carry out simulations of
annealing and try to reproduce the experimental results. If the similar behaviour is
found in the experiments and simulations, this would validate the proposition of the
disorientation distributions being the cause of different rates of recovery.

In this chapter, the results of simulations of subgrain growth with microstructures
matching those of the deformed single crystals are presented. The simulations represent
the stage of subgrain growth that takes place when most of the dislocations annihilations
have already taken place. The results from the simulation are compared with those
from experiments carried out by Albou et al., and an explanation is provided for the

observations.

5.2 Material properties

The material of interest is an Al-0.1%Mn model alloy that represents the solid state
matrix of the alloys of the AA3XXX series. The subgrain boundary mobility and energy

used in the simulation are the following;:
e Boundary mobility pre-exponential term: mg = 2.71 x 10*2m(MPa.s)~! [35]
e Boundary energy: ygagp = 0.324 Jm~2 [3]

An attempt was made, using the recovery kinetics proposed by Vandermeer and
Hansen [9], to estimate the activation energy for recovery of the alloy. The approach
and the results are presented in chapter 4, Kinetics of Recovery. The values obtained
from this analysis were found to be unreasonably high. It was thus decided to take the
mean apparent activation energy value of Qy = 190 kJ/mol calculated by Barou et al.
[3] using the logarithmic kinetic law described by Furu et al. [16] and Nes [13]. This

value is not very far from the activation energy of Qo = 136 kJ/mol reported by Lens
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et al. [35] using the variation of grain boundary mobility with temperature and is also
coherent with the solute diffusion controlled mechanism of recovery.

The EBSD images published by Albou et al. [6] showing significant differences in
subgrain growth between Brass, Goss and S oriented crystals were of samples annealed
at 264°C for 34 hours. This temperature was selected for the simulations as well.

The temperature and the activation energy affect the value of the subgrain boundary
mobility. The expression for the subgrain boundary mobility used in the simulations,
and its value based on the material properties, activation energy and temperature
mentioned earlier, are given in equation 5.1. In the equation, 6 is the subgrain boundary
disorientation (in degrees) and 6y = 15° is the high-angle grain boundary (HAGB)
disorientation. The pre-factor of mge~@0/fT" = 6.58 x 10~*yum(MPa.s) ! in equation 5.1
is extremely small, and the final mobility will be still smaller as the term involving the
disorientation is bounded between 0 and 1. Therefore the subgrain boundary velocities

are expected to be extremely small.

m = moe_QO/RT [1 _ 6—5(9/90)4}
= 658x 1074 [1- e—5<9/15>4} pm(MPa.s) ™" (5.1)

The subgrain boundary energy is expressed using the Read and Shockley expression

(equation 5.2) and therefore it depends only on the boundary disorientation [12].

- (D)3

= 0.02160 [3.71 —In 6] Jm ™2 (5.2)

Equations 5.1 and 5.2 represent the mobility and energy of subgrain boundaries,
i.e., boundaries having disorientation less than 15°. Any boundary having a higher
disorientation value is treated as a HAGB and its mobility and energy are taken to be
6.58 x 10~4ym(MPa.s)~! and 0.324 Jm~2 respectively.

An estimation of the HAGB velocity using equation 5.3, with curvature equal to
10% m~! for subgrains with a radius of the order of 1 um, gives a velocity of 2.13 As~.
In the simulations, the velocities of the subgrain boundaries are expected to be at least
2 to 3 orders of magnitude smaller because of their lower disorientation, and also due

to drag effect of neighbouring subgrain boundaries.
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Figure 5.1: Curves representing the change in the scaling of mobility with temperature

for two values of activation energy

v =mYyK (5.3)

As a result, the microstructures in the simulations did not evolve even after several
hundreds of thousands of iterations representing annealing times of the order of 100
hours. Therefore, in order to demonstrate the reason for the difference between the
Brass and Goss recovery rates, the lower activation energy of 136 kJ/mol, estimated
by Lens et al. [35], was used in the simulations. Figure 5.1 shows that by using this
lower value of activation energy, the mobility is increased by a factor of 10° for the

temperature of 264°C which was used in the experiments and the simulations.

5.3 Deformation microstructures

5.3.1 Experimental results

Apart from the crystallographic orientations, the major difference between the deformed

single crystals is the deformation microstructure. These microstructures from the three
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deformed crystals are shown in Figure 5.2. Line scans on these structures, depicting

disorientation with respect to the initial point are presented in Figure 5.3.

 2pm

Figure 5.2: Deformation microstructures in the ND-RD section in (a) Brass, (b) Goss
and (c) S single crystals deformed plastically to e = 2.3 in plane-strain compression in a

channel-die [6]. The colours indicate crystallographic orientation.

4 (]
Distance [pm]

(a)

Figure 5.3: Disorientation along a line, with respect to an in initial point, in (a) Brass,
(b) Goss and (c) S deformed structures presented in Figure 5.2 [6].

The Brass crystal shows a rather uniform spread of orientations around the principal
Brass orientation. There is a slight tendency towards bands, but it is not very clearly
formed. The mean disorientation with respect to an initially selected point is found to
be 3-4°. There was no clear disorientation axis.

The Goss crystal has very clearly formed bands, which have alternating orientations
- note the alternating green and purple colours. A scan of disorientations with respect

to an initial point shows that the bands are composed of orientations that are typically
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displaced by +10° with respect to the principal Goss orientations. The disorientation
axis was found to be close to the normal to the rolling plane (ND).

The S crystal also shows bands near the bottom of the structure in Figure 5.2(c),
but in the other parts of the structure it is not very clear. The disorientation scan
shows plateaus of zones disoriented between 5 and 15° with respect to the initial point.
Similar to the case of the Brass crystal, no single disorientation axis was observed.

For the purpose of carrying out simulations of subgrain growth, the Brass and
Goss orientations were selected, the S deformation structure being too complicated to

reproduce.

5.3.2 Crystal plasticity

Crystal plasticity simulations were carried out with the aim of obtaining a more precise
range of disorientation angles and axes for the two selected orientations. For this, the
crystal plasticity simulation program cryplas, built by Romain Quey on top of the
basic crystal plasticity code by Claire Maurice, was used.

The simulations were carried out for an FCC metal with rigid-plastic type of be-
haviour. A strain tensor corresponding to plane-strain compression (equation 5.4) was

imposed and a full constraint Taylor model simulation was carried out.

e 0 O
e=|10 0 O (5.4)
0 0 —e

For both Brass and Goss, input orientation lists were created with 1000 crystallo-
graphic orientations uniformly spread around the principal orientations and disoriented
by at most 2°. The program cryplas calculates the grain rotations for each orientation
and returns the new orientations in a separate file.

For simulations of plane-strain compression up to a true strain of 2.3, the resulting

orientation sets are plotted in the pole figures in Figure 5.4.

It was found that, similar to the experimental results, there was a uniform spread of
orientations for the Brass crystal while the Goss crystal showed orientations displaced
from the principal orientation by rotations around the normal direction. The maximum

disorientation in the case of Goss was also greater than for Brass. The orientation
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Figure 5.4: {111} pole figures of orientation spreads resulting from crystal plasticity
simulations of plane-strain compression up to a true strain of 2.3 for (a) Brass and (b)

Goss

lists obtained from these crystal plasticity simulations were be used for generating the

microstructures for input to the vertex simulations.

5.3.3 Input microstructures for the vertex dynamics simulations

5.3.3.1 Parameters for generating input microstructures

Generating the input microstructures for the vertex simulations requires the following

parameters:
1. Mean cell size
2. Crystallographic orientation spread - disorientation angles and axes
3. Spatial distribution of orientations

The experimental results give us all three of the above parameters. The results from
the crystal plasticity simulations gave similar orientation spreads and the disorientation
axes. Therefore, the information at hand at this point was sufficient to generate the

deformation microstructures of the Brass and Goss crystals.

5.3.3.2 Colour-coded representation of orientations

In order to distinguish the orientations of different subgrains and grains in a given

microstructure, or across separate microstructures, a colour-code is commonly used to
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represent the orientations. There exist many conventions for this representation. In
these simulations, a colour-code based on Rodrigues’ vector of rotation is used.

Rodrigues’ vector describes a rotation from one crystallographic orientation to an-
other using a rotation of an angle # about an axis given by a unit vector . Taking
the initial orientation as one in which the crystal’s reference frame coincides with the
sample’s reference frame, the final orientation can be represented unambiguously using
the (0, 7) pair.

The microstructures from the simulations are generated using the Rodrigues’ vector
representation of the orientations. For each subgrain, the (6,7) pair corresponding to
its orientation is calculated. Next, the vector R = tg(6/2) 7 is evaluated. The three
components of R are scaled to fit in the range of the values representing the red, blue
and green channels of the image - 0 to 255 in this case. In this way, each orientation is
represented by a unique colour.

Due to the symmetry inherent in the cubic crystal system, there are certain cases
in which a single orientation results in several different colours. When such cases are
detected, one of the resulting colours is chosen, and the others are replaced by this one.

The orientation calculations and the generation of the images are done using the

package Hermes developed by Romain Quey.

5.3.3.3 Brass orientation

The Brass deformation microstructure having 5000 subgrains and periodic boundary
conditions was generated with a mean cell size of 5 um and a uniform spread of orien-
tations, disoriented by at most 4° from the principal orientation, is given. The resulting

microstructure is shown in Figure 5.5.

5.3.3.4 Goss orientation

The Goss deformation microstructure having 5000 subgrains and periodic boundary
conditions - identical to the Brass structure in terms of subgrain shapes - was gener-
ated with a mean cell size of 5 ym. Two pools of orientations are created - one with
orientations resulting from rotations between +5 and +10° around the axis normal to
the rolling plane, and the second resulting from rotations between -5 and -10°. The
orientations are then assigned depending on the position of the centroid of the cells.

In alternating bands of 20 pum, the orientations are taken from one pool for cells with
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I | 00 micrometers; stepsize = 0.50 micrometers: grid 1140x1140

Figure 5.5: Starting microstructure for Brass oriented crystals - 5000 subgrains, periodic
boundary conditions, mean subgrain size of 5 ym, and with a uniform orientation spread
of at most 4° from the principal Brass orientation. The subgrain boundaries, shown by the
black lines, correspond to boundaries between regions having a disorientation of 0.1° or

more.
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their centroids lying in one band, and the other pool for the other cells. The resulting

microstructure is presented in Figure 5.6.

5.4 Influence of crystallographic orientation on recovery

5.4.1 Brass orientation

The microstructure resulting from the simulation of annealing at 264°C for 34 hours
with the Brass oriented crystal is shown in Figure 5.7. It is seen that this microstructure
is identical to the one in Figure 5.5. In other words, no subgrain growth is observed.

It should be noted here that at lower values of the activation energy @, a little
subgrain growth is observed. This is attributed to the equilibration of triple junctions.
With the activation energy of Q=136 kJ/mol at 264°C, the microstructure did not
evolve at all.

Since there is very little activity in this structure, the simulation proceeds very

rapidly and was completed in approximately one hour.

5.4.2 (Goss orientation

The microstructure evolved during the simulation with the Goss oriented crystal. The
microstructure at ¢ = 4003 s and ¢t = 34 hours are shown in Figure 5.8 and Figure 5.9
respectively. Similar to the experimental observations of Albou et al, there is significant
subgrain growth. The mean grain area of the Brass and Goss microstructures are plotted
against time in Figure 5.10.

Figure 5.8 and Figure 5.9 show that there is a lot of activity in the microstructure,
namely movement of subgrain boundaries, topological operations for the disappearance
of subgrains. Also, the subgrain boundaries have higher velocities which results in a
smaller time step. Consequently, more iterations were required compared to the Brass
simulations, to reach the same annealing time.

Therefore, the simulations took a much longer time than for the Brass crystal. This
simulation required about 5 days on the same computer that carried out the Brass
simulations. In other words, the Goss simulation was found to be 120 times slower than

the Brass simulation.
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I | 00 micrometers; stepsize = 0.50 micrometers; grid 1140x1140

Figure 5.6: Starting microstructure for Goss oriented crystals - 5000 subgrains, periodic
boundary conditions, mean subgrain size of 5 um, and with bands having orientations
rotated from the principal Goss orientation around the axis normal to the rolling plane,
and by an angle between +5 and 4+10° for one set of bands and an angle between -5 and
-10° for the other set. The subgrain boundaries are shown by the black lines for boundaries
between regions disoriented by at least 0.1°, and red lines for disorientations of at least
15°.
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I | 00 micrometers; stepsize = 0.50 micrometers; grid 1140x1140

Figure 5.7: Brass microstructure after simulation of annealing at 264°C for ¢ = 34 hours.

No evolution is observed.
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I | 00 micrometers; stepsize = 0.50 micrometers; grid 1140x1140

Figure 5.8: Goss microstructure after simulation of annealing at 264°C for ¢ = 4003 s.

Growth is observed in subgrains located at the interface between bands.
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I | 00 micrometers; stepsize = 0.50 micrometers; grid 1140x1140

Figure 5.9: Goss microstructure after simulation of annealing at 264°C for 34 hours.
Significant subgrain growth is observed. Some of the bands have grown through adjacent
bands.
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Figure 5.10: Mean subgrain area as a function of time in the Goss and Brass microstruc-
tures in the simulation of annealing at 264°C

5.5 Discussion

5.5.1 Rates of recovery in Brass and Goss oriented crystals

Comparing Figure 5.7 and Figure 5.9, and also from Figure 5.10, it is seen that the

behaviour in the simulations is very similar to that in the experiments. The Brass struc-

ture shows little or no subgrain growth while the Goss structure evolves significantly.
In order to explain the reason for the difference in recovery behaviour, the differences

between the two cases are listed:
1. Crystallographic orientation
2. Deformation microstructures

Crystallographic orientation has an effect on the resulting deformation microstruc-
ture, but no effect on the recovery kinetics because the orientation appears neither
in the kinetic law equation nor in the equation for the migration velocity of subgrain

boundaries.
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Figure 5.11: Initial disorientation distributions in the Goss and Brass microstructures

The difference in deformation microstructures - uniform distribution of orientations
around the principal Brass orientation against bands rotated around the normal to the
rolling plane for Goss - gives rise to very different disorientation distributions for the
two cases. The disorientation distributions are presented in Figure 5.11.

Figure 5.11 shows that for the Brass structure we have all the sub-grain boundaries
with disorientations between 2 and 4°. The Goss disorientation distribution is very
different. There are many low-angle boundaries as in the case of Brass, but there are
also a few subgrain boundaries having higher disorientation values going up to almost
20°. These boundaries are the ones lying at the interface between two bands.

From equation 5.1, we see that the disorientation angle has a large effect on the
subgrain boundary mobility. Figure 5.12 shows the plot of the boundary mobility su-
perimposed on the disorientation distributions. It is clearly seen that the exponential
dependence of the mobility on disorientation causes an enormous difference between
the mobilities of LAGBs and HAGBs. For example, a subgrain boundary with a dis-
orientation of 1° has a mobility that is 5 orders of magnitude smaller than a boundary
having a disorientation of 14°. Since the velocity of a subgrain boundary is directly pro-

portional to the mobility (equation 5.3), the 1° boundary will thus migrate 10° times
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Figure 5.12: Disorientation distributions in Goss and Brass deformation microstructures

with subgrain boundary mobility as a function of subgrain boundary disorientation

slower than the 14° boundary.

From the disorientation distributions in Figure 5.12 it is seen that all the subgrain
boundaries in the Brass structure, and most of the subgrain boundaries in the Goss
structure have extremely low mobilities, and thus very small migration velocities. The
Goss structure possesses some subgrain boundaries that have higher disorientation val-
ues, and thus mobilities that are much higher compared to the majority of the subgrain
boundaries. It is therefore these boundaries that migrate at higher velocities, and thus
contribute to subgrain growth.

It is reported in the article by Albou et al. [6] that in the experiments the fraction
of low-angle boundaries increases as recovery proceeds. This behaviour is also found
in the simulations. The disorientation distributions at the beginning of the simulations
and at the end of the simulation of annealing at 34 hours are shown in Figure 5.13. This
shift is explained by the fact that the subgrain boundaries with high disorientations, in
the range of 10-15°, have higher boundary energies according to the Read and Shockley
equation. Therefore these boundaries have the highest driving force to be annealed out

as this greatly reduces the internal energy of the metal. Indeed, in Figure 5.9, it is
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Figure 5.13: Change in disorientation distribution in the Goss microstructure. There is a
slight increase in the fraction of low angle subgrain boundaries while the fraction of higher
angle boundaries reduces.

observed that few subgrain boundaries with high disorientations remain, and a large
number of subgrain boundaries with low disorientation appear within the bands.

The subgrain boundaries with higher disorientations, resulting from the banded
deformation microstructure of the Goss crystals, are thus the reason for the high rate

of recovery in Goss oriented crystals compared to the Brass oriented crystals.

5.5.2 Activation energy

It has been mentioned earlier that the activation energy of @) = 190 kJ/mol resulted in
extremely small boundary values, which rendered the structures invariant in simulations
representing annealing times of the order of 100 hours at the experimental temperatures
of 264°C. In the simulations, a lower activation energy of @ = 136 kJ/mol was then
used so that the boundaries may have larger migration velocities and thus evolve. A
simple calculation shows that between the two activation energies mentioned above, the
mobilities - and hence the migration velocities - are 6 orders of magnitude apart with

the higher activation energy resulting in lower values. This indicates that the lack of
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Figure 5.14: Mean subgrain radius in the Goss microstructure simulation plotted against
time

microstructural evolution for @ = 190 kJ/mol is real and not an artefact due to errors
in machine precision as may be suspected.

The lower activation energy may be due to the contribution of dislocation forests
that remain. Humphreys and Hatherly [10] have mentioned that the different processes
during recovery may take place concurrently. It is possible that these dislocation forests

reduce the apparent activation energy as described by Vandermeer and Hansen [9)].

5.5.3 Recovery kinetics

In Figure 5.10, it is seen that the rate of subgrain growth in Goss is higher than in Brass,
but it slows down after about 12 hours of annealing at 264°C. The corresponding mean
grain radius in the Goss crystal is plotted against time in Figure 5.14. The slowing down
of recovery, as explained above, is attributed to the removal of the subgrain boundaries
with high disorientation.

Using the mean subgrain radius data in the subgrain growth interval up to 10 hours
plotted above, a fit of Burke and Turnbull’s [14] power law was attempted to estimate

the value of the exponent m. The power law is shown in equation 5.5.
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Figure 5.15: Mean subgrain radius in the Goss microstructure simulation plotted against
time

M R\™ M
R~ R = 7715: (R;> =1+ 2Rg"t (5.5)

The graphs resulting from m = 2, 3, and 4 are shown in Figure 5.15. A linear graph
was not obtained for any of the values of m plotted in the figure, and higher values of
m yielded curves that were even less linear. Therefore, it is concluded that power law
kinetics are not followed during recovery.

Next, the recovery kinetics proposed by Nes [13] was fit to the simulation data. The
data in Figure 5.14 was fit to equation 5.6, used by Barou et al. [3], with C' and 7 as

fitting parameters.

Ry t
—=1-Cln(1+ - .
7, Cn(—i-T) (5.6)

The result of the fitting is shown in Figure 5.16. A rather satisfactory fit is obtained
and the parameters from equation 5.6 are found to be C' = 0.04 £ 0.00014 and 7 =
2858 + 234.

In the analysis by Barou et al, C' was found to be 0.002. The higher value of C' in

the simulations is because of faster subgrain growth in the Goss structure. This is due
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Figure 5.16: Fit of the simulation data to the recovery kinetics equation by Nes [13]

to the presence of certain subgrain boundaries of high disorientation. Taking the value
of C' from the simulations in the model for estimation of the activation energy would

lead to a low value because of the fast growth.

Taking the values of C from Barou et al and 7 estimated here, the corresponding
activation energy is found to be 203 kJ/mol. This is higher than the energy of 136

kJ/mol provided in the simulations.

The quality of the data fitting shows that the equations for recovery kinetics pro-
posed by Nes [13] is followed in the simulations and, as Barou et al. [3] have shown, in
the experiments. However, the calculation of activation energy yields a value different
from the one provided in the simulations. This shows that in order to model the kinetics
of recovery in deformed single crystals, one must take into account the deformation mi-
crostructure with its disorientation distribution in addition to the factors like subgrain

size.
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5.6 Conclusions

Vertex dynamics simulations were carried out with deformation microstructures similar
to those found in Brass and Goss oriented single crystals deformed in plane-strain
compression in a channel-die up to a true strain of 2.3. Crystal plasticity simulations
were used to verify the spread of orientations resulting from the deformation, and EBSD
mapping from the experimental results of Albou et al. [6] were used to determine the
spatial distribution of the orientations. Good agreement was obtained between the
experimental and simulation results.

The low recovery rate in the Brass crystals is attributed to the presence of subgrain
boundaries with low disorientations (at most 4°). The Goss deformation microstructure
contains bands, at the interfaces of which there are subgrain boundaries with higher
disorientations of 14-15° and up to a maximum of 20°. The exponential dependence
of boundary mobility on disorientation causes the boundaries with lower disorienta-
tion angles to have migration velocities 5 orders of magnitude lower than those with
higher disorientation. This explains the high recovery rate in the deformed Goss crystals
compared to the Brass crystals.

The recovery kinetics followed in the simulations was compared to the power law
equation of Burke and Turnbull [14] and the kinetic equation proposed by Nes [13].
The power law was not followed by the recovery kinetics in the simulations. The kinetic
equation by Nes was found to be more satisfactory but it failed to estimate the activation
energy that was provided in the simulations. This demonstrated the need to include
factors like disorientation in the development of recovery models if they are to be

extended to more general application.
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6.1 Summary

In Chapter 1, a survey of the current literature on the topic of recovery - the phe-
nomenon, its kinetics, modelling and simulation - was presented. The experiments of
Albou et al. [6] on deformed and annealed single crystals of an Al-0.1% Mn model al-
loy established that recovery rates differ significantly between different crystallographic
orientations. They reported that Brass oriented deformed crystals showed no subgrain
growth during recovery while Goss and S oriented deformed crystals exhibited sub-
grain growth and softening during recovery. It was suggested that the difference in
recovery rates was the result of differences in the deformation microstructures and
consequently the distribution of disorientations. The goal of this work was to inves-
tigate this suggestion with the help of simulations of subgrain growth with material
parameters representing those of the alloy used. Kinetic laws for recovery have been
proposed by Nes [13] and by Vandermeer and Hansen [9]. Nes’ kinetic law is based on
the subgrain size as the parameter indicating the progress of recovery while the kinetic
law proposed by Vandermeer and Hansen involves the stored energy which is indicated
by the microhardness of the sample. Accurate identification of subgrain sizes is rather
difficult compared to microhardness measurements, which is the reason for the choice
of the latter method for the analysis of recovery kinetics in this study. Regarding simu-
lations of subgrain growth during recovery, no examples were found in the literature. It
was thus decided to adapt methods that were used for the simulation of grain growth

for the case of subgrain growth. Three types of simulations were considered - Vertex
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dynamics, Monte Carlo Potts and Phase field. Finally the vertex dynamics simulations
were selected because they were simpler to implement compared to the phase field ap-
proach, and unlike the Monte Carlo Potts model, vertex dynamics has a well-defined
time step that relates directly to real annealing time.

Chapter 2 describes in detail the working of the vertex dynamics simulations. The
chapter begins with a description of the Voronoi tessellation used for the generation
of the microstructures which will be the input to the simulations. For this, the pro-
gram voronoi2d was written using C++4. The microstructures generated have peri-
odic boundary conditions. The program can also generate microstructures representing
rolled samples with elongated and flattened grains. Next, the equations for the ver-
tex velocities in the simulation are explained. The velocity of a vertex depends on the
mobility and energy of the boundary segment joining it to a neighbouring segment.
Both the mobility and energy are taken to be functions of the boundary disorienta-
tion. Topological transformations that change the configuration of a boundary segment
and which lead to the disappearance of subgrains are then described, followed by the
calculation of the time step. All these were assembled to create the simulation pro-
gram networkConsole, written in C++, for carrying out vertex dynamics simulations
of subgrain growth in two dimensions. The inputs to the program are the starting
microstructure generated using voronoi2d, the spatial distribution type of the ori-
entations, and material properties such as mobility, energy and activation energy for
recovery. The activation energy is required because in the expression for mobility, it
is the term involving the activation energy that brings the dependence of mobility on
temperature.

Chapter 3 contains a description of the techniques used in the experiments involv-
ing cold-rolling, annealing, and microhardness measurements. The experiments were
carried out with the aim of characterizing the progress of recovery in terms of the mi-
crohardness of the samples annealed at different temperatures for different durations
and subsequently use the model proposed by Vandermeer and Hansen to estimate the
activation energy for recovery.

The results of the analysis of recovery kinetics to estimate the activation energy for
recovery are presented in Chapter 4. A polycrystalline bar of the Al-0.1%Mn model

alloy was deformed by cold rolling to a true strain of 3.96 - or 98% reduction - and then

104



6.1 Summary

annealed at four different temperatures for different durations. Microhardness measure-
ments were carried out on these samples and these values were used in the recovery
kinetics equation proposed by Vandermeer and Hansen in order to estimate the acti-
vation energy. To our knowledge, this work is the first example of the application of
this kinetic law outside of the Technical University of Denmark, Risg. The value of
activation energy obtained was quite unrealistic. It was also found that though the
kinetic equation appears elegant and that the experiments require microhardness mea-
surements that are simpler compared to the determination of subgrain sizes, there are
certain practical difficulties when this method is to be applied. At high deformation,
the sample sizes become very small. For example, in the present study, the samples were
380 pm thick on the ND-RD face, which was chosen for the microhardness measure-
ments. Therefore, extreme care had to be taken to obtain sets of microhardness data
with small standard deviations. The recovery kinetics equation contains exponential
terms which amplify the effect of experimental uncertainty. In addition to the above,
the equation has two unknowns and its complexity makes the problem impossible to
solve analytically. A numerical approach is thus used which introduces further errors.
Lastly, the equation assumes a constant scaling term which contributes to the increase
in apparent activation energy as the energy stored in the metal is released by recovery.
It appears from the analysis by Vandermeer and Hansen that this term is not a con-
stant. In light of the above, it was decided to use the activation energy of 190 kJ/mol
estimated by Barou et al. [3] in the vertex simulations which follow.

Chapter 5 presents the results of the vertex dynamics simulations. In our survey
of existing literature on the subject, no other examples of the simulation of subgrain
growth were found. Therefore, this application of vertex dynamics to simulate subgrain
growth is the novel aspect of this work. Two of the three orientations reported by
Albou et al. were selected - Brass and Goss - for the simulations. The deformation
microstructures for the crystals of the two orientations were reproduced. The Brass
microstructure consisted of subgrains with orientations distributed uniformly around
the principal Brass orientation, and with a maximum disorientation of 4°. For the
Goss orientation, a banded structure with subgrains rotated by an angle between +5°
and 4+10° around the normal to the rolling plane for one set of bands, and by an angle
between -5° and -10° for the other set. The disorientation ranges were verified by crystal

plasticity simulations of plane-strain compression in a channel-die. The simulations
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using the activation energy of 190 kJ/mol, found by Barou et al. [3], resulted in no
microstructural evolution even after several hundred thousand iterations representing
annealing durations of the order of 100 hours. This was because the mobilities of the
subgrain boundaries, and hence the velocities of the vertices were almost zero. Next, a
lower value of activation energy - 136 kJ/mol, reported by Lens et al. [35], was used,
and this resulted in vertex velocities increased on an average by 10° at 264°C. This
allowed the simulations to show some microstructural evolution. It was found that the
results from the simulations were in good agreement with those from the experiments.
The Brass simulation showed no subgrain growth while the Goss simulation showed
significant grain growth. It was found that by creating the banded structure in the
Goss microstructure, boundaries having high disorientation values in the range of 10°-
20° were introduced at the interface between two bands. The majority of the boundary
disorientations remained in the same range for both Brass and Goss structures. The
boundary mobility, being an exponential function of the disorientation, varies by 10°
between boundaries of disorientations 1° and 14°. This rendered all of the subgrain
boundaries in Brass and a large majority of the subgrain boundaries in Goss almost
immobile. The subgrain boundaries at the interfaces of the bands in Goss, having higher
disorientation values, had larger velocities, and they contributed to subgrain growth.

The simulations also showed behaviour similar to the experiments with respect to
the evolution of the disorientation distribution. Evidently, the Brass crystal showed no
change in disorientation distribution. The Goss crystal showed a rise in the fraction of
subgrain boundaries with low disorientation angles. This is explained by the fact that
the subgrain boundaries with higher disorientation also contribute more to the energy
stored, and thus are more susceptible to be annealed out. In the simulations, their high
mobilities and energies give high velocities to vertices lying on them, resulting in more
growth of subgrains possessing such boundaries. Some of these subgrains grow while
others disappear, and this causes the disorientation distribution in the simulations to
follow the trend observed in the experiments. Indeed, when very few of the subgrain
boundaries with high disorientation values remained, there was a marked decrease in
the rate of subgrain growth in the simulation for the Goss crystal.

The results of the simulations showing the different rates of recovery were presented
at the International Conference on the Texture of Materials (ICOTOM) 16 held at
Mumbai, India [43].
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Chapter 5 also presents an analysis of the recovery kinetics followed in the simu-
lations based on two types of kinetic laws proposed in the literature - the power law
kinetics by Burke and Turnbull [14], and the kinetic law by Nes [13] which involves
the relative increase in subgrain size as the progress parameter for recovery. No match
for the exponent was found for the power law kinetics. The kinetic law by Nes, on the
other hand, yielded a very good fit with the curve representing mean subgrain radius
with time. However, the activation energy estimated using this fit was found to be
higher than the value provided as input to the simulations. It was concluded that in
order to construct an accurate model of recovery in deformed single crystals, factors
like the deformation microstructure and the disorientation distribution should also be

considered.

6.2 Scope of future work
6.2.1 Microstructure

In the present simulations, the microstructure is generated using Voronoi tessellation.
This method is widely accepted for the generation of microstructures, in both two
and three dimensions. However, these structures are artificial. The simulations may be
improved by the possibility of introducing real microstructures as input. This can be
done by generating the input microstructure from the output of Subgrain Reconstruc-
tion Mapping (SRM), a method developed by Barou [2] for the accurate detection of
subgrains in an EBSD mapping.

6.2.2 Alternative mobility and energy laws

The equations used in the simulation program for mobility and energy are functions
of the boundary disorientation. There have been other studies that indicate that these
two quantities depend on other factors such as the coincidence site lattice (CSL), the
inclination and tilt of the boundaries, the axis of disorientation etc. Humphreys and
Hatherly [10] have proposed an alternative mobility law for subgrain boundaries hav-
ing very low disorientations. This law, and others, may be tested in the program for

comparison with experimental results.
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6.2.3 Parallel computing

The present simulations use a single processor at a time when executed. In light of
the long time required for simulations in which vertices have large velocities and where
there are frequent topological operations, parallelization of the program is an attractive
option that might help reduce the total time of execution. This option was not explored
during the thesis.

The parallelization may be achieved by distributing the velocity calculations and
the displacement of vertices among the processors. This should not affect the results
of the calculations as the velocities and positions required for them are those from
the previous iteration. Parallelizing the topological operations will probably be more
complicated. In any case, the parallelization of the velocity and vertex displacement

should result in some acceleration of the execution of simulation program.

6.2.4 Kinetics of recovery

During this study, an analysis of recovery kinetics was attempted using the kinetic
law proposed by Vandermeer and Hansen [9]. This approach was selected because it
required relatively simple microhardness measurements for characterizing the progress
of recovery. However, several practical difficulties, which have been described earlier
in the document, arose when the method was applied and the final estimate of the
activation energy for recovery was unsatisfactory.

Barou et al. [3] used the recovery kinetics proposed by Nes [13] and characterized
the progress of recovery by the subgrain size. This method was more difficult and time-
consuming compared to microhardness measurements, and being dependent on EBSD
mapping of the samples, is also difficult to apply to severely deformed samples.

It might be insightful to estimate the activation energy for recovery in a deformed
monocrystal, and thus reveal the influence of the distribution of disorientation, if any.

There is a need for the development of a method that would cover the shortcomings

of both methods and allow for easy and precise modelling of the kinetics of recovery.
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Appendix A

Data Structures

This section presents details of the data structures used to represent entities such as
vertices, grain boundaries, grains, and finally the polycrystal in the simulations. The
description will begin with the smallest element - the vertex - and subsequently move
to the larger elements.

The descriptions are given in the form of C++ class definitions. For the sake of
brevity, the class definitions are limited to the most important data members and
the occasional member function. Detailed documentation of the entire program is also

available and can be obtained directly from the author.

A.1 Vertex

A vertex in the simulation is a point lying on a grain boundary or at a triple point. A
vertex located at a triple point is connected to three other vertices and is called a real
vertex, while one located on a grain boundary is connected to two others and is called
a virtual vertex.

The data structure used to represent a vertex is the class called Vertex2d. The

same class is used for both real and virtual vertices. It is defined as follows:

class Vertex2d

{

// Time increment
double dt;

// Position wvector
Point2d p;
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// Velocity in previous iteration
Velocity2d v2t;

// Velocity in present iteration
Velocity2d v2tpdt;

An object of the class Vertex2d therefore stores its time increment, position and
velocities from the present and previous iterations.

It will be shown later in the definition of the class Network that the simulation
contains a global list of vertices stored in an array, with various data structures storing
an integer index corresponding to the position of the required vertex in the array.

Each real vertex is a triple point, and the indices of the three grain boundaries are
stored in an instance of the class Connect, which contains only the three indices. All
the instances of the class Connect are stored in a global list, the ordering of which is
identical to the global list of vertices. The virtual vertices are part of the grain boundary

segments and are referenced by the data structure dealing with them.

A.2 Segment

The next higher entities in the simulations are the segments of a grain boundary. A
segment is the straight line joining two vertices. Segments are represented by the class

Seg which is defined as follows:

class Seg

{

// Index of the vertexr in the global vertex list
int numV;

// Periodic index for the segment
int q;

// Pointer to the previous segment on the grain boundary
Segx prior;

// Pointer to the next segment on the grain boundary
Segx next;
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The pointers prior and next give the location in memory of the previous and next
segments on the grain boundary. For the first and last segments of a grain boundary, the
pointers prior and next are set to NULL, respectively. This allows easy identification
of the ends of a boundary.

Unlike the vertices, there is no global list of segments. This is because there is
considerable reshuffling of the segments due to the topological operations. For each
segment, space is reserved in memory and a pointer to its location is stored in the
prior and next fields of its neighbours. Pointers to segments at the ends of a grain

boundary are stored in the grain boundary class described in section A.3.

A.3 Grain Boundary

In the simulations, a grain boundary is discretized into several straight segments, each
of which is represented by an object of type Seg. A grain boundary in the simulation

is defined in the class Bound as follows:

class Bound

{

// Integer index of the grain on one side
int igl;

// Integer index of the grain on the other side
int ig2;

// Pointers to the first and last segments
Seg* real [2];

// Grain boundary disorientation
double theta;

// Grain boundary energy
double energy;

// Grain boundary mobility
double mobility;

// Iterations since the last topological operation
int swit;
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An object of the type Bound thus stores indices of the grains on either side. These
indices correspond to positions in a global list of grains that is maintained in the
simulations. Pointers to the first and last segments allow quick bi-directional access to
all the segments lying on this boundary.

From the orientations of the two grains indicated by igl and ig2, the grain bound-
ary disorientation theta is calculated. The quantities energy and mobility are ob-
tained using the equations 2.6 and 2.7 respectively [12, 29].

The integer swit counts the number of iterations since the last topological op-
eration. This is required in order to prevent segments from undergoing topological
operations at every iteration as this may lead to flip-flop situations where a segment
keeps oscillating between two unstable positions until an external influence changes the
neighbourhood sufficiently for it to stop.

A global list of grain boundaries is maintained, and objects in this list are accessed

using indices that correspond to their positions in the list.

A.4 List of grain boundaries

In the simulations, each grain is defined by a cyclic list of grain boundaries, and its

orientation. The cyclic list is stored in objects of the class Grain, defined as follows:

class Grain

{

// Index of the grain boundary in the global list
int numGB;

// Periodic index of the grain boundary
int qGB;

// Pointer to the previous grain boundary
Grainx* prior;

// Pointer to the next grain boundary
Grain* next;

The list of grain boundaries is cyclic, i.e., the pointers prior and next do not take

the value NULL at any time.
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A.5 Grain

Since each grain boundary is shared by two grains, it appears in two instances of
objects of type Grain. For several operations, especially topological operations, it is
necessary to be able to identify which side of the boundary one is on. For this, the
member numGB takes a positive value in one grain and a negative value on the other.
For example, consider the grain boundary at position 42 in the global grain boundary
list. In one of the grains that contains this boundary, numGB=42 while the in the other
grain numGB=-42. This way, it easy to identify which side one is on while at the same
time accessing the same grain boundary stored in memory using the absolute value of

the index numGB.

A.5 Grain

A grain in the simulations is represented by the class Polycrystal defined as follows:

class Polycrystal

{

// Integer index for this grain in the global grain list
int index;

// Euler angles (Bunge’s notation) of the orientation
double phi[3];

// Pointer to the first grain boundary
Grainx firstG;

Each grain is defined as a cyclic list of grain boundaries, and a certain crystallo-
graphic orientation. The first grain boundary is indicated by the pointer firstG.
A global list of grains is maintained, and the integer index indicates the position

of each grain in this list.

A.6 Master class for the simulation

All data of the simulations reside within an instance of the master class called Network.
This class contains many data fields and member functions. Only the most important

ones are shown in its definition below:

class Network

{

115



A. DATA STRUCTURES

private:
// Total simulation time
double totalTime;

// Time increment in each iteration
double globalTimelncrement;

// Pointer to the global list of polycrystals
Polycrystalx poly;

// Pointer to the global list of grain boundaries
Boundx* GB;

// Pointer to the global list of vertices
Vertex2dx* V;

// Pointer to the global list of connections
Connect* c¢;

public:

// Public member functions

// Initialize the simulation parameters

bool initializeParameters (charx parFileName);

// Initialize the microstructure
bool initStructure ();

// Start and manage the simulation
void startSimulation ();

private:

// Private member functions

// Calculate the vertexr wvelocities
void velocities ();

// Calculate the time increment
double timelncrement ();

// Check for topological operations and carry them out if necessary
void checkTopology ();

// Flip a short segment
// @param s0 Index of the segment to be flipped
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// @param losePlus Index of the grain on the positive side
// @param loseMinus Index of the grain on the negative side
void flipSegment (int sO, int losePlus, int loseMinus);

// Eliminate a small triangular grain
// @param small3 Index of the triangular grain
void killTriangle (int small3);

// Eliminate a small lenticular grain
// @param small2 Index of the lenticular grain
void killLozenge (int small2);

// Move all the vertices
void moveAllTheNodes ();

// Treat the fast wvertices
void treatTheFastMoving ();

When the program is launched, the parameters and microstructure are initialized
by calls to the functions initializeParameters () and initStructure (). Once
both these functions execute successfully, the function startSimulation () is called,
which starts the simulation and manages the iterations. The function calls within the

iterations follow the flowchart in Figure 2.3 and are in the following order:
e velocities ()
e timeIncrement ()
e moveAllTheNodes ()
e checkTopology ()
e treatTheFastMoving ()

The velocities of the vertices are calculated using the equations given in section 2.3.3,
and the time increment using the method described in section 2.3.5.2. The topological

operations are briefly described in section 2.3.4; for more details, see Appendix B.
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Appendix B

Topological transformations

B.1 Introduction

In the vertex dynamics simulations, events like the disappearance of a small grain
and the recombination of triple points are implemented through functions classed as
topological transformations. These events are triggered when a grain boundary becomes
shorter than the critical length e defined by equations 2.10-2.12.

There are three topological transformations defined in the vertex dynamics simula-

tions corresponding to the following events:
e recombination of triple points
e disappearance of a triangular grain
e disappearance of a lenticular grain

These events are shown in Figure 2.8.

B.2 Checking for topological transformations

In the simulations, the function checkTopology () is called in every iteration! to check

the entire microstructure for topological transformations.

'For details of the iterations, see Appendix A.
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B. TOPOLOGICAL TRANSFORMATIONS

B.2.1 Marking grain boundaries for topological transformations

The function scans through the global list of grain boundaries (member GB in the class
Network: see sections A.3 and A.6 for details). Grain boundaries containing virtual
vertices are ignored because they are too long to undergo topological transformations.
Grain boundaries that have undergone a topological operation less than 3 iterations
ago are also ignored in order to prevent situations in which it keeps oscillating between
two unstable positions. Of the remaining grain boundaries, those that are shorter than

the critical length e are marked for topological transformations.

B.2.2 Identifying the topological transformations

Once a grain boundary is marked for a topological operation, the next step is to identify
which of the three transformations is to be triggered. In order to do this, we need to
know the number of sides in each of the two grains that are separated by the grain
boundary. The values igl and ig2 indicate the two grains. Three possible cases are

identified for the number of sides of each grain:
e n = 2 = lenticular grain
e n = 3 = triangular grain
e n > 4 = other grain with at least one short boundary

The first two cases correspond to the elimination of a small grain, while the third one
implies a recombination of triple points. The corresponding functions that are called

are:
e killLozenge (small2)
e killTriangle (small3)
e flipSegment (sO, losePlus, loseMinus)

After carrying out each topological operation, the limiting length e is recalculated.
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B.3 Removal of a lenticular grain

B.3 Removal of a lenticular grain

In order to remove a lenticular grain, the function killLozenge (small2) is called
with the argument small2 representing the index of the grain to be removed. What
happens in this function is shown in Figure B.1. The grain to be removed is shown in
blue.

A P Q B A B

Figure B.1: Removing a lenticular grain using the function killLozenge

Note that in the figure, the grain is drawn as a visible ellipse only for the purpose of
clarity. In the simulations, such a grain is extremely small and the two grain boundaries
PQ and QP are indistinguishable from each other. This is because as the boundary
length becomes shorter than the critical length e, the virtual vertices on it are removed,
thus making the boundary a straight line.

The sequence of events in the function is as follows:
1. Update values

All virtual vertices are removed from the grain boundary AP.

)

b) The grain boundary AP is modified to become AB.
) Virtual vertices are introduced on to the boundary AB.
)

The pointers prior and next in the grain boundary lists of the larger grains
on either side are updated so that the boundaries AB, PQ (or QP on the
other side), and @B are replaced with the new boundary AB.

(e) Re-calculate the critical length.
2. Cleanup

(a) Remove the vertices P and () from the global vertex list!.

In order to avoid extensive re-indexing, no entry is actually removed from the global lists. Instead,
the value of the removed entity or its neighbours is set such that it indicates the fact that it has
been removed. For example, the position vector of a removed vertex is set to a value far outside the
simulation box. For grain boundaries, the previous and next boundaries are made to point to each other
in their next and prior pointers respectively, thus removing reference to the removed grain boundary.

For grains, the pointer to the first grain boundary - firstG - is set to NULL.
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B. TOPOLOGICAL TRANSFORMATIONS

(b) Set the connection indices for the vertices P and @ to 0.

(c¢) Delete the segments lying on the removed grain boundaries, and free the

memory occupied by them!.

(d) Remove the small lenticular grain from the global list of grains.

B.4 Removal of a triangular grain

In order to remove a triangular grain, the function killTriangle (small3) is called
with the argument small3 representing the index of the grain to be removed. What

happens in this function is shown in Figure B.2.

A A

small3

S=(P+Q+R)/3

C

Figure B.2: Removing a triangular grain using the function killTriangle

The APQR is the small triangular grain that is to be removed. It is replaced by a
single vertex S, the position of which is simply the average of the position vectors of

the three vertices P, () and R. The sequence of events in the function is as follows:
1. Update values
(a) A new vertex S is created, the position of which is the average of the position

vectors of the vertices P, () and R.

(b) The grain boundaries AP, BQ) and C'R are modified to become AS, BS and
CS, respectively.

(¢) The prior and next in the grain boundary lists of the three neighbouring

grains are updated to eliminate the boundaries PQ, QR and RP.

!Segments are not maintained in a global list, so no re-indexing is necessary. Memory is allocated
for them as required and the positions are referenced by pointers in the grain boundaries to which they
belong. Once a grain boundary is removed, there is no need for its segments and their memory can be
freed.
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B.5 Recombination of triple points

(d) Re-calculate the critical length.
2. Cleanup

(a) Remove the vertices P, @ and R from the global vertex list.
(b) Set the connection indices for the vertices P, @ and R to 0.

(c) Delete the segments lying on the removed grain boundaries, and free the

memory occupied by them.

(d) Remove the small triangular grain from the global list of grains.

B.5 Recombination of triple points

The recombination of triple points is carried out when a grain boundary segment belong-
ing to a grain with more than three sides becomes shorter than the critical length e. It
is implemented by the function flipSegment (sO, losePlus, loseMinus) which ac-
cepts the grain boundary index s0, and the indices of the neighbouring grains losePlus
and loseMinus as arguments.

The recombination is shown in Figure B.3.

Figure B.3: Recombination of triple points using the function flipSegment

The sequence of steps in the function is as follows:
1. Update values

(a) Identify the vertices P and @ of the segment indicated by the argument sO.
(b) From the positions of P and @, calculate the positions P’ and @ such that:
e P'Q' = PQ, and
e P’(QQ'is the perpendicular bisector of PQ.

(¢) Modify the grain boundaries by creating segments so that:
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B. TOPOLOGICAL TRANSFORMATIONS

o AP — AP’
e BQ — BP'
e CQ— CQ
e DP — DQ'
(d) Identify the grain that had the boundaries AP and PD, and assign it as a
neighbour to the new boundary P'Q’.
(e) Identify the grain that had the boundaries BQ and QC, and assign it as a
neighbour to the new boundary P'Q’.

(f) Modify the grain boundary lists of the grains losePlus and loseMinus
(shown as PQ.igl and PQ.ig2 in Figure B.3) so that the new segments

appear on them in the correct order.

(g) Calculate the disorientation, mobility and energy of the new grain boundary
P'qQ'.

(h) Re-calculate the critical length.

2. Cleanup

(a) Update the connections for the vertices P’ and @’ to the appropriate values.

(b) Delete the segments that connected the old vertices P and @, and free the

memory occupied by them.
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cristallographique influence la microstructure de déformation, et donc la distribution des
désorientations des sous-joints.
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Abstract :

The present study aims to investigate the effect of crystallographic orientation on the
kinetics of recovery in deformed samples of the Al-0.1%Mn binary alloy using vertex
dynamics simulations of subgrain growth.

In order to characterize the recovery kinetics experimentally, a polycrystalline bar of
the alloy was cold rolled to a true strain of 3.96. Samples extracted from the rolled bar were
subjected to isothermal annealing at four temperatures for different durations. Microhardness
measurements were made on each sample and the activation energy for recovery was
estimated using these measurements and the recovery kinetics model developed by
Vandermeer and Hansen. Several practical difficulties were encountered when using this
model, most notably due to the complexity of the model equations and the amplification of
experimental uncertainty by exponential functions in the model. The activation energy found
was therefore not reliable.

Using the material properties mentioned in the literature, vertex dynamics simulations
of subgrain growth were carried out. Deformation microstructures of monocrystals having
Brass and Goss orientations were reproduced in the simulations. Good agreement with the
experimental results of of Albou et al. was achieved. The low rate of recovery in Brass
crystals was due to the presence of subgrain boundaries of low disorientations. The Goss
deformation microstructure consists of bands with subgrain boundaries of high
disorientations which lead to high mobilities boundaries and this led to subgrain growth in the
Goss crystal. Thus the effect of crystallographic orientation is related to the deformation
microstructure, the subgrain boundaries and the distribution of their disorientations.



